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CHAPTER 1
INTRODUCTION

The ability to predict accurately the life of structural components that experience
cyclic loading is essential to the reliability and cost effectiveness of many modern
structures, vehicles, and propulsion systems. A primary example of a system that
requires such a life prediction capability is the high-performance gas turbine engine.

The useful life of major rotating components in these engines traditionally has been
determined through the use of crack initiation concepts [1,2]; however, more recently, an
approach based on crack growth and fracture mechanics concepts has been used. Under a
program known as Retirement-for-Cause of Turbine Engine Components [3- 6], the
United States Air Force is implementing a crack growth methodology for life management
of selected components in the F100 engine, which propels the F-15 and F-16 aircraft. In
additiori, under a separate effort known as the Engine Structural Integrity Program
(ENSIP) [7-10] the Air Force has established a damage tolerant design specification for
fractre-critical components in future engines. According to this requirement, flaws or
defects must be assumed to exist in the components at the time of production, and design
calculations and component testing must demonstrate that such defects will not grow to a

critical size for catastrophic failure within the lifetime of the engine.

In support of the damage tolerant approach, extensive research has been conducted
to develop analytical models of crack growth, which are used to predict the life of engine
components under anticipated operating conditions [11-14]. In general, the required

experimental data have been produced by testing specimens containing relatively large




cracks and using fracture mechanics methods to predict the behavior of smaller, naturally

occurring cracks in actual components.

Implicit in the damage tolerant approach is the assumption of similitude between the
behavior of the large cracks grown in laboratory specimens and the small cracks that
occur in actual service. Recently, however, a number of investigators have observed that
very small fatigue cracks may grow anomalously fast when compared to large cracks in
conventional specimens subjected to a nominally equivalent crack driving force.
Furthermore, small cracks have been observed to propagate under conditions that are well
below the threshold stress intensity factor range, AK;y,, which is known to limit the
propagation of long cracks. These deficiencies of currently available fracture mechanics
methods to predict the behavior of very small cracks have serious implications with
regard to damage tolerance, because such errors could lead to a significant overestimate of

the actual component life [15-18].

To date, errors in the predictions of the growth of small fatigue cracks in turbine
components have apparently not caused serious problems. The reason for this good fortune
appears to be connected jointly with the characteristics of the specific materials involved
and the capability of existing nondestructive inspection methods for monitoring the growth
of cracks. For most materials used in high-performance turbine engines, the size of a
reliably detectable crack has generally been greater than the crack size for which there
are appreciable errors in predictions of the growth of small cracks. However,
improvements in nondestructive inspection methods are forthcoming [19}], and the crack
size that can be reliably detected will be reduced significantly. As the inspectable crack
size decreases, the accuracy of predictions of crack propagation will become increasingly
in question due to the potentially rapid growth of small cracks. In fact, recent data on the

nickel-base superalloy Astroloy [15] indicate that a factor-of-two reduction in the




inspectable crack size will result in an order-of-magnitude error in the prediction of
crack growth in turbine disks. Thus, it appears that the absence of a significant
"small-crack problem" in advanced turbine engines has been fortuitous and that the
behavior of small fatigue cracks will become much more significant as the technology of

nondestructive inspection improves.

In addition to concerns pertaining to life prediction of actual engine hardware, the
behavior of small fatigue cracks has important implications with regard to the selection of
new materials for the next-generation engines. Microstructural modifications that
improve crack initiation properties often do so at the expense of crack propagation
resistance, and the reverse is also true. Optimization of alloy microstructures to produce
durable, defect-tolerant materials requires a fundamental understanding of the relative
roles of crack initiation and crack propagation in governing the total fatigue life of a
structural component. Although, historically, fatigue research has often focused
separately on crack initiation or on crack propagation, the study of small fatigue cracks
serves to link the two phenomena and should provide insight into micromechanisms that

control overall fatigue performance.

Study of the mechanics and physics of the propagation of small fatigue cracks is,
therefore, fundamental to both life management of actual structural components and to the
design of improved materials. Although numerous experimental and analytical
investigations of the behavior of small fatigue cracks have been conducted to date, many
questions remain unanswered. While there exists a large body of literature dealing with
effects of microstructural variables on both crack initiation and crack propagation,
relatively little research has been performed specifically to study metallurgical aspects
of the growth of small cracks while maintaining a fracture mechanics framework. Such

research is necessary to support a damage-tolerant life-management philosophy and is




essential to developing an understanding of the structure/property relationships that

control an alloy's fatigue performance.

It is the goal of the present research project to investigate the influence of
microstructural variables on the growth of small cracks, to isolate specific mechanisms
that may lead to fundamentally different behavior of large and small cracks, and to
determine the useful limits of linear elastic fracture mechanics as applied to small
cracks. The complete background and rationale for the research will be developed in the

following section.




CHAPTER 2
BACKGROUND

2.1 Small-Crack Phenomena

The central concern pertaining to small fatigue cracks regards their "anomalous”
growth behavior when compared with large cracks grown in conventional specimens.
Within the framework of linear elastic fracture mechanics (LEFM), Pearson [20] first
demonstrated the disparity between large- and small-crack propagation behavior in
fatigue tests of two commercial aluminum alloys. Figure 2.1 presents some of these data
for the British alloy DTD 5050 along with more recent results of Lankford [21] on the
similar aluminum alloy 7075-T6. The small-crack data are from naturally initiated
surface flaws, while the corresponding large-crack data were generated using
conventional single-edge-notch (SEN) specimens. As shown in the figure, when crack
growth rate is plotied versus the nominal applied stress intensity factor range (AK), the
small cracks propagate significantly faster than equivalent large cracks. Furthermore,
the small cracks often grow under loading conditions that are well below the threshold
stress intensity factor range (AK,,) required for the propagation of large cracks. The
smallest cracks may initially decelerate as crack length increases and may arrest under
scme conditions. Otherwise, after achieving a minimum growth rate, the small cracks

accelerate and eventually join the data for iarge cracks.

Kitagawa and Takahashi [22] presented an alternative view of the "small-crack

problem" by showing that threshold crack growth rate data display a dependence on crack
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size that is related to the material's fatigue strength (Ac,) and AKy,. This idea, which
combines fatigue crack initiation and propagation concepts, is illustrated schematically in
Figure 2.2. Considering crack initiation, and disregarding the possibility of a preexisting
crack, specimen failure should occur only if A"applied > Ac,. Alternatively, considering a

fracture mechanics approach, crack growth should occur only if
AKapplied > AKih = fao(ra)®?, (2.1)

where f is a function of crack and specimen geometry and a is the ciack length. Solving

this equation for Ac gives
Ac = 8Kyy/(f(na)%3), (2.2)

indicating that crack propagation should only occur in the region above the line of slope
equal to -1/2. Thus, the utility of AKyy, as a "material property” is limited to cracks of
length greater than that given by the intersection of the two lines (a,). The crack-size
dependence of AKy, may be illustrated in the alternative form shown in Fig. 2.3, which
plots AKy as a function of crack length. Here again, a constant value of AKy, is
maintained for large cracks, while small cracks exhibit a AKy, that is dependent on crack

length.
In an effort to maintain the utility of the available large-crack data base that has
been generated using AK as a correlative parameter, El Haddad et al [23-25] proposed the

modified equation

AK = fAc(n(a+ ao))0.5 (2.3)
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Fig. 2.3 Threshold stress intensity factor range predicted by combining

crack initiation and crack growth concepts.




where

8y = (AK/(fAcg)) /. (2.4)

Purely from an empirical point of view, Eq. 2.3 suitably represents the
experimentally observed behavior of small cracks at near-threshold growth rates, and the
calculation of a, provides a simple approximation of the crack length necessary for
validity of AKy,. The generality of the parameter a, is illustrated in Fig. 2.4 [26], which
shows data from a number of materials fatigued under various loading conditions. On the
normalized axes shown, the collection of data generally follows the predicted trends. In
spite of its apparent utility, however, the parameter a, has not been shown to have any
fundamental physical basis and provides no insight into the underlying reasons for the

rapid growth of small cracks.

Since the small-crack problem was first identified, substantial effort has been
devoted to the experimental and analytical characterization of small cracks. The study of
small cracks has been the focus of a number of symposia [27-30], and the rapidly
expanding literature on small cracks has been the subject of numerous review articles
[31-43]. The objective of the present discussion of the literature, therefore, is not an
exhaustive survey, but rather an attempt to summarize the current understanding of the
small-crack problem, identify unresolved questions, and establish a framework for
discussing the experimental results to be presented later. In addition to considering the
mechanics and physics of the small-crack problem, a discussion of the physical and
mechanical metallurgy of Ti-Al alloys, which are the focus of the present investigation,

will also be presented.
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2.2 Definitions of a Small Crack

For more than a decade the definition of a small (or short) crack has been argued
extensively. Within the current context, a small crack will be defined as any crack that,
due to its small size, grows at a rate different thar a large crack (of the order of 25 mm in
length) subjected to a pominally equivalent crack driving force. Beyond this general
definition, small cracks are often categorized by one or more descriptive terms which
further classify the small cracks as being: mechanically-, microstructurally-,
physically-, or chemically-small. The bases for this nomenclature, which is gaining
general acceptance [30,44,45], are outlined in Table 2.1 [44,45]. The table also lists
mechanisms that are thought to be primarily responsible for the given small-crack
behavior. As indicated, mechanically-small cracks have a length of the order of the
crack-tip plastic zone size, while microstructurally-small cracks have a length of the
order of the dominant microstructural dimension. Furthermore, although a crack may be
both mechanically- and microstructurally-large, its physically-small size may dictate
its propagation behavior due to the influence of crack shielding mechanisms — primarily

crack closure. Finally, due to its size, a small crack may respond differently to a

Table 2.1: Classes of Small Fatigue Cracks [44,45]

Type of Small Crack roXi i i Besponsible Mechanism
Mechanically-small a< rya excessive (active) plasticity
Microstructurally-small as< dgb; 2c <5-10 dg crack-tip shielding,
enhanced Aep. crack shape
Physically-small a<imm crack-tip shielding
(crack closure)
Chemically-small up to 10 mm¢ local crack-tip environment

(a) r, is the plastic zone size or plastic field of a notch.

(b) Jg is the critical microstructural dimension, e.g., grain size, a is the crack depth,
and 2c is the surface length.

(c) critical size is a function of frequency and reaction kinetics.
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chemically aggressive environment than a corresponding large crack.

Current terminology also distinguishes between small and short cracks. The term

“small crack” has come to designate a crack that is small in three dimensions, while a

"short crack" is small in only two dimensions. Short cracks are often formed by

machining away all but the tip of a long, through-thickness crack. Thus, a small crack

normally interacts with relatively few microstructural features, while the front of a

short crack may be of substantial length and thus controlied by average, rather than local,

features of the microstructure. Moreover, a transient period associated with the

transition from crack initiation to early crack propagation may be eliminated when a

short crack is produced from a previously longer crack. Thus, as defined here, short and

small cracks may behave differently.

The underlying reasons for the failure of linear elastic fracture mechanics to

consolidate the data of large and small cracks are potentially many and varied. Ultimately,

however, all of these reasons can be traced to a breakdown of the very general assumption

that a unique similarity exists between the process zones that control the growth of large

and small cracks. The breakdown in similitude appears to be traceable to one or more of

the following factors:

1

(2)

)

()
(6)

Inaccurate characterization of the crack driving force due to excessive crack-tip or
notch plasticity.

Local microstructural effects that influence large and small cracks differently,
possibly resulting in different mechanisms of crack propagation.

Crack-shape effects.

Multiple-crack interactions.

Differences in crack closure behavior.

Environmental effects.
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Each of these factors will be discussed individually in the following pages.
2.3 Inaccurate Characterization of Crack Driving Force

According to linear elastic fracture mechanics, the driving force for crack
propagation may be characterized by the stress intensity factor range (AK) so long as
three primary requirements are satisfied: (i) the material must behave as a continuum,

(iiy a dominant crack-tip stress singularity must exist, and (iii) crack-tip plasticity

must be sufficiently contained by surrounding elastic material so as not to significantly
alter the form of the elastically calculated crack-tip stress field. The first of the criteria
concerns microstructurally-small cracks, and will be discussed in detail later. Assuming
that continuum behavior exists, it has been shown independently [46,47] that, for very
small cracks, free surface effects may lead to a violation of the second assumption. Thus,
as crack length decreases, the crack-tip stress field is no longer sufficiently dominated by
the stress intensity factor, K, and higher order terms of the stress field solution shouid be

included.

The assumption of contained crack-tip plasticity (small-scaie yielding) is violated
when the size of the crack-tip plastic zone is of the order of the crack length [48] — a
"mechanically-small" crack. Useful estimates of the size of the monotonic plastic zone

[49], Tor and the cyclic plastic zone [50}, Ary,, are
)2 (2.5)

Ary = a(K/(2oy))2 (2.6)
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where Oy is the material's yield strength and o = 1/n for plane stress and 1/3r for plane
strain. These simple estimates, however, do not indicate the shape of the plastic zone nor
do they reflect any dependence of crack-tip deformation on specific material slip

characteristics, which have been shown to be important [51].

Theoretically, the contained plasticity requirement can be relaxed if the crack-tip
driving force is characterized by Rice's J-integral [52] instead of K. Caiculations of the
J-integral using the finite element method have shown that the error in K for a small
crack becomes significant as the remotely applied net-section stress approaches the
material's yield strength [53,54]. Trantina and del.orenzi [53] suggested that deviations
from LEFM behavior occurred approximately for "max/"y 2 0.7. Dowiling [55] conducted
strain-controlied fatigue experiments in the plastic regime and employed a J-integral
approach to correlate the growth of small surface cracks in AS33B steel. Although AJ
effectively correlated the data over a large range in crack size, growth rates for cracks
smaller than approximately ten times the average grain size were consistently faster than
the large-crack trend. These data were subsequently reconciled using the empirical
approach of El Haddad et al [56], but as stated earlier, the physical basis of this success is
unknown. Other attempts [57] in using the J-integral have also been ineffective in
consolidating data of large and the very smallest cracks. Noting that, for elastic loading,
Al = (AK)2/E (i.e., AJ and AK approaches are equivalent), Chan [58] argued that it was
necessary to use a near-lip estimate of AJ to characterize small cracks in specimens
subjected to nominally elastic loading. Employing a Barenblatt-Dugdale crack model, he
suggested that AJ = Ac(8;), where §, is the cyclic crack-tip opening displacement. Using
displacement measurements made at the tip of a smail crack in overaged 7075 aluminum
alloy, he found calculated values of local AJ and AK to be substantially greater than the
remotely calculated values. The difference between the local and remote values was argued

to be due to a high stress level and microstructural (noncontinuum) effects.




Attempts to use alternative elastic-plastic crack driving force parameters such as
crack-tip-opening displacement (CTOD) [36] and the crack-tip plastic strain range [59]
also have not been fully successful in rationalizing the differences in growth rates
between large and small cracks. In an investigation of power metallurgy (PM) Astroloy,
Vecchio and Hertzberg [60] were able to use a strain energy density (AS) criterion to
consolidate the data of long, through-thickness cracks with data from short, edge cracks.
All of their short cracks, however, were at least ten times the material's grain size,
indicating that the cracks were microstructurally-large. The utility of AS has not been

determined for cracks of microstructural dimensions.

The inability to find a parameter capable of uniquely correlating the growth of
fatigue cracks, regardiess of size, has been emphasized by experimental measurements of
the near-tip deformation fields of both large and small cracks. Using SEM sterecimaging
and electron channeling methods [61,62], Lankford, Davidson, and Chan [63] and
Lankford and Davidson [64] have characterized the local crack-tip field of large and small
cracks in 7075 aluminum alloy. Although electron channeling measurements indicated
that large and small cracks subjected to the same nominal AK have essentially equivalent
plastic zone sizes, the potentially more accurate stereoimaging measurements indicated
that the small-crack plastic zone was significantly larger than the corresponding
large-crack plastic zone. Furthermore, the stereoimaging measurements indicated that
the crack-tip strain and the crack-tip opening displacement of the small cracks were
greater than corresponding large cracks and that the distribution of crack-tip strain was
also dependent on crack size. Overall, the characterization of local deformation
underscored the loss of crack-tip similitude between small and large cracks in the
aluminum alloy examined and highlighted the inadequacy of both K and CTOD for small

cracks.
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2.4 Small Cracks at Notches

in addition to crack-tip plasticity effects, there are also difficulties in applying
fracture mechanics methods to the specific problem of cracks emanating from mechanical
notches. Experimental data from Leis and Forte [65] illustrating this problem for
notches of various geometries are presented in Fig. 2.5. The authors demonstrated that,
for a number of materials and stress concentration factors, the accelerated growth of
small cracks persisted until the crack tip reached the boundary of the plastic field of the
notch [66]. Dowling [67] showed that small cracks emanating from notches have two
limiting stress intensity factor solutions, as shown in Fig. 2.6. For small cracks of length

I growing from a notch of depth c,
Kshort = 1-12 ko ()03 (2.7)

where k; = stress concentration factor for the notch. When the crack length is much

greater than the notch depth,

Kiong = f o (x a)%3 (2.8)
where a = ¢ + | and f = function of geometry. As shown in the figure, these limiting
solutions compare favorably with a numerical solution for this crack geometry [68]. The

extent of the notch stress field ( /') is given approximately by the equation

I' = c/((1.12 k¢f)2-1), (2.9)
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and values of /" for moderately sharp notches often fall in the range r/20 < /' < r/4,
where ris the notch radius. Crack growth behavior in the fieid of a notch was also
investigated by Hammouda and Miller using the finite element method [69]. Their
calculations indicated that a small crack was initially influenced by the notch plastic field
and later by the elastic stress field of the notch as shown in Fig. 2.7. This resulted in the

variation in crack growth rate with AK that is illustrated in Fig. 2.8.

Considering effects of both crack-tip and notch plasticity on the growth of small
fatigue cracks, it is clear that some of the "anomalous” small-crack data reported in the
literature can be at least partially explained by the inappropriate use of the linear elastic
parameter AK. The LEFM assumption of small-scale yielding is obviously invalid for a
small crack propagating in the plastic field of a notch, and AK should not be used. The
small scale yielding assumption is also violated for small fatigue cracks having a ratio of
plastic zone size to crack length, rp/a. approaching 1. Although the use of an appropriate
elastic-plastic fracture mechanics parameter such as AJ or AS appears to overcome the
plasticity limitations of AK, these approaches have not been shown to be effective when

cracks are of a length of the order of microstructural dimensions.

2.5 Local Microstructural Effects

The conventional parameters of both linear-elastic and elastic-plastic fracture
mechanics were developed assuming that material properties are homogeneous, isotropic,
and continuous. While these assumptions are never strictly satisfied by real materials,
the scale of microstructural anisotropy is often much smaller than any dimension of large
cracks in conventional specimens. Although a large crack propagating at a near-threshold
growth rate may possess a plastic zone of a size comparable with the size of the material's

critical microstructural unit (e.g., grain size, Widmanstatten colony size), the crack
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Fig. 2.7 Schematic illustration of a small crack propagating within a
notch field [66].
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Fig. 2.8 Schematic illustration of the growth behavior of a small crack
emanating form a notch [66).
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front normally interacts simultaneously with many of these microstructural features, and
the resulting macroscopic crack growth rate reflects the collective behavior of
microstructural interactions all along the crack front. On a macroscale, therefore, the
fracture mechanics description of the crack-tip stress and strain fields of a large crack

are reasonably approximated by the isotropic continuum assumption. On the other hand, a
"microstructurally-small” crack, being of a size of the order of the microstructural unit,

may be significantly affected by local elastic and plastic anisotropy, as well as discrete
microstructural barriers, and the small crack's propagation behavior may not coincide

with that of a large crack subjected to a nominally equivalent crack driving force.

Although effects of microstructure on the growth of large cracks are relatively well
known [e.g., 70-83}, most of the small-crack research that has been reported to date has
not focused specifically on the effects of microstructure. Moreover, effects of
microstructure on crack propagation are often manifested indirectly, for example, by
influencing crack shape and crack closure. Therefore, the discussion within the ensuing
subsections will address only the more direct microstructural effects, while the more

subtle, indirect effects of microstructure will be considered in the other subsections.

2.5.1 Effects of Grain Boundaries

From a continuum mechanics point of view, it has been suggested [84,85] that the
limit of applicability of conventional linear elastic fracture mechanics should be based on
the size of a material's smallest structural feature. Defining this feature as a subgrain
slip band (~ 0.5 um) results in an estimate of the fundamental limit of LEFM to be ~ 25
um (50 times the feature size). Although very small microstructural features may
produce noncontinuum deformation, the influence of microstructure on small cracks often

occurs on a scale much larger than a slip band. The majority of the reported effects of




22

microstructure have dealt with unusual interactions of small cracks with grain
boundaries and second phases in a smalil number of alloy systems including primarily

steels, aluminum alloys, titanium alloys, and a few nickel-base superalloys.

An early assessment of the effect of microstructural anisotropy and inhomogeneity
on the propagation of small fatigue cracks was presented by Taylor and Knott [86-88],
who suggested that the rapid growth of small cracks occurred because these cracks were
able to "exploit weak microstructural features.” In addition to the characteristic crack
size a,, discussed earlier, they defined the two related crack lengths illustrated in Fig. 2.9.
In this figure, a, is the maximum crack size for which the material's fatigue limit fully
applies, and a, is the minimum crack size for which linear elastic fracture mechanics is
completely adequate. These researchers have suggested that, in a number of alloys, a, is
approximately ten times the average dimension of the primary microstructural feature

and that a, = 4ao.

log(Ao)

log(a)

Fig. 2.9 Schematic illustration of the crack sizes that are argued to be
limits for the valid application of crack initiation (a;) and AKip

(ay) concepts [86].
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Much of the literature dealing with grain boundary effects has highlighted the role
of grain boundaries as barriers to smali-crack growth [e.g., 21,89-104], and it appears
that the growth-rate minimum (or minimay) often observed for small cracks is associated
with the crossing of grain boundaries. In the extreme case, the crack arrests at the grain
boundary. It has been suggested that the initiation of a small crack within a single grain
results from the accumulation of local microplasticity and that the propagation of a small
crack across a grain boundary requires that the adjacent grain also have undergone
microplastic deformation [105,106]. In some instances, a transition from Forsyth's
[107] Stage ! (crystallographic; crack inclined to the axis of loading) to Stage |i
(multiple slip systems; cracking perpendicular to axis of loading) crack growth appears
to occur as the crack crosses the first grain boundary, although Stage | propagation has

been shown to continue into adjacent grains in some cases {89-91].

The most sophisticated model of grain boundary effects is probably that of Tanaka et
al [103-104]. Essentially, this model considers the blockage of a crack-tip slip band by
a grain boundary, and crack growth occurs only if a microscopic stress intensity factor
(MSIF) ahead of a blocked crack-tip slip band is sufficient to initiate a crack in the
adjacent grain. As a special case, the model reduces to the form proposed by El Haddad et

al [23-25]. Both of these models, however, rely on empirically determined parameters.

The growth of a small crack within a single grain has been said to follow the form

da/aN = C(d-a)! @ (a)® (2.10)

where d is the grain size, a is the crack length, and o is an empirical constant [99]. Thus,
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da/dN is predicted to approach zero as the crack length approaches the grain size. This
form is a reasonable representation of the experimentally observed early deceleration of
small cracks. A model for crack growth along a slip band has been proposed by De Los Rios

et al [100] who predicted that

da/dN = f ¢ (L-a)p (2.11)

where { is the fraction of dislocations on the slip band that take part in the crack initiation
process, 1 is the shear stress acting on the slip band, L is the slip band length, a is the
crack length, and p is the shear modulus of the material. Both of these models describe the
deceleration of a small crack but do not predict the subsequent growth of the crack into an

adjacent grain.

Although enhanced blockage of smail cracks by grain boundaries has been observed
in a number of materials, the effectiveness of a grain boundary as a barrier to the growth
of small cracks varies significantly, depending on the relative orientation of adjacent
grains. In the absence of crystallographic texture, wherein neighboring grains are
aligned preferentially, the relative orientation of adjacent grains should be random, and
the tendency of cracks to propagate across a given grain boundary should be a random
variable. For example, in research on the nickel-base superalloys Astroloy and Waspaloy
[108-110], in situ SEM measurements have shown that approximately 30% of the grain
boundaries crossed by small cracks acted as barriers to growth [110]. In the remainder
of the cases, the small cracks propagated easily across grain boundaries. As compared to
large-crack data, the increased variability in da/dN for small cracks appears to be
associated with the enhanced influence of grain boundaries. The effectiveness of a grain
boundary in resisting the propagation of a small crack, however, correlates inversely

with the crack's growth rate. The fastest growing, or worst-case, small crack is the one




25

that propagates freely across the grain boundaries due to favorable crystallographic
orientation. These cracks pose the most serious concern to fatigue life, making the

slower, grain-boundary-affected small cracks of secondary importance.

2.5.2 Effects of Grain Size

Relatively little research has been performed to establish the effect of grain size on
the growth of small fatigue cracks. Thompson and Backofen [89,90] performed an
investigation of the effect of grain size on long-life fatigue of alpha brass, copper, and
aluminum and found a strong grain-size dependence in brass, while the long-life fatigue
performance of the other two materials was independent of grain size. From crack length
measurements on metallographic sections, they concluded that the grain-size effect
resulted almost solely from Stage | cracking, which was enhanced in alpha brass, a
planar-slip material. Materials such a copper and aluminum, which exhibit easy cross
slip, develop dislocation cell structures which mask the influence of grain boundaries and
allow an early transition to Stage Il crack growth. Since the fatigue life of copper and
aluminum did not exhibit a grain-size dependence, the small-crack da/dN in these
materials should be approximately independent of grain size. Moreover, recognizing that
the grain-size effect in brass was closely correlated with the average Stage | crack length,
P, estimates of da/dN (= p/N) suggest that small-crack growth rates in this material
were also approximately independent of grain size. Thus, although the data from these
fatigue experiments were not analyzed in terms of fracture mechanics, the results from
the three different materials suggest the absence of an appreciable grain-size effect on the
growth of small cracks. These results are particularly significant because grain sizes
were varied by an order of magnitude, which is a maximum practical range for most
materials. In addition, the findings demonstrate the importance of slip character in

determining fatigue performance.
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Zurek et al [111] performed small-crack fatigue experiments on 7075-T6
aluminum alloy specimens having 12 and 130 um average grain sizes and found a slightly
faster growth rate in the smaller grain-size material. However, X-ray measurements
made on the samples indicated that compressive surface residual stresses had developed
during the R = 0 fatigue testing. The compressive residual stresses were significantly
greater in the large grain material, accounting for the grain-size dependence of da/dN.
Consistent with earlier reports, they noted that a !arge fraction of the cracks observed
were pinned at the first or second grain boundary; grain boundaries had less influence on
cracks larger than iwice the grain size. The resistance to crack growth offered by the
grain boundaries was apparently less significant than the effect of the fatigue-induced

residual stresses.

Gerdes et al [112] and Wagner et al [113] investigated small fatigue cracks in an
aged Ti-8.6Al alloy in two grain-size conditions (20 um and 100 um). As shown in Fig.
2.10, the larger grain size condition of this very planar-slip material was significantly
more resistant to the propagation of large cracks, but the smaller grain-size material was
found to be slightly more resistant to the propagation of small fatigue cracks, apparently
due to interaction with the higher density of grain boundaries. An unusual finding of this
research, however, was that the crack-growth-rate minimum in materials of both grain
sizes corresponded to a surface crack length of approximately 50 um. Moreover, this
crack size was slightly larger in the alloy having the smaller grain size. The minimum
crack propagation rates were reported to be associated with a change in the direction of

crack growth, irrespective of the presence of a grain boundary.

Effects of 12 and 50 um grain size on the propagation of small cracks in the

powder-metallurgy, nickel-base superalloy Astroloy were studied by Brown et al [114].
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Fig. 2.10 The effect of grain size on vacuum fatigue crack propagation data
of large through-cracks and small surface cracks in aged

Ti-8.6A1 [112].
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The grain size effects observed in this alloy were consistent with the Ti-8.6Al results. As
shown in Fig. 2.11, the coarse-grain condition was much more resistant to the
propagation of large cracks, while the trend was slightly reversed for small cracks. A
third microstructural condition possessing a partially recrystallized, necklace grain
structure having a bimodal grain size of 5 and 40 um exhibited the best overall resistance
to the growth of small and large cracks. The researchers concluded that the inverse
grain-size effect on small-crack growth rates resulted collectively from crack arrest and

crack deflection at grain boundaries.

2.5.3 Effects of Multiphase Microstructures

In addition to variations in grain size of the Astroloy, Brown et al [1 14] varied the
size, morphology, and volume fraction of strengthening y' precipitates, while holding the
coarse grain size constant. None of these small-scale microstructural variations,
however, affected the behavior of small cracks in the alloy. Furthermore, the same
researchers reported that the coarse-grain PM Astroloy small-crack growth data were
essentially equivalent to small-crack data in conventionally forged Waspaloy of the same

grain size.

Hicks and Brown [115,116] tested an IMI 685 titanium alloy that was solution
treated and B-processed to achieve a microstructure composed of 5 mm diameter prior-f
grains containing Widmanstatten colonies approximately 1 mm diameter. They found that
the growth rates of small corner cracks of depths as great as 3.5 mm were much faster
than those of nominally equivalent large cracks. The growth rates of the small cracks
were also dependent on the local mechanism of crack growth. Small-crack propagation
rates were successively faster for each of the following mechanisms:

non-crystallographic, colony boundary separation, and crystallographic cracking.
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Research on the o+f titanium alloys IMI 550 and IMi 318 [117] indicated that
o/B-processed microstructures had superior resistance to the growth of small cracks as
compared to B-processed materials. This was generally the reverse of the trend for large
cracks. It was further reported that of the o/B-processed alloys, microstructural
conditions that permitted small cracks to propagate primarily in the o phase had inferior
small-crack growth resistance compared to alloys where cracking was regularly forced to

cross transformed B regions.

in a study of small cracks in eutectoid steels, Daeubler and Thompson [118]
produced four microstructural variants: coarse and fine prior austenite grain sizes, each
with course and fine cementite lamellar spacings. The experimental results indicated that
the growth rate of small cracks was faster for microstructures having a coarse lameliar
spacing than for microstructures with a fine lamellar spacing. There was no appreciable
influence of changing prior austenite grain size. A minimum in small-crack growth rate

was observed to correspond to the transition from Stage | to Stage 1i crack propagation.

2.5.4 Effect of Alloy Slip Character

Other than the work by Thompson and Backofen [89,90] discussed earlier, there
have apparently been no controlled studies of the effect of slip character on the growth of
small cracks. Moreover, because those experiments were not analyzed in terms of facture
mechanics, it is unclear how variations in slip character might affect the growth rates of
small cracks when correlated with AK. It is well known that changing from wavy to
planar slip generally promotes crack initiation while improving crack growth resistance.

It is shown that increased slip planarity concentrates fatigue damage, leading to early
crack formation [119,120]. Alternatively, increased slip planarity is believed to lead to

reduced crack growth rates as a result of improved slip reversibility [121) and crack
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closure at low stress ratios [122-124]. As will be discussed later, closure is probably

the more important mechanism influencing crack growth. In light of the opposing effects
of slip planarity on crack initiation and crack propagation, it is unclear how variations in
slip character might affect the propagation of small fatigue cracks. This is an important
issue, since total fatigue life is governed by the combination of crack initiation and crack
growth, and in many instances a significant fraction of the fatigue life is consumed by the
propagation of small cracks.

2.5.5 Effects of Crystallographic Texture

The effect of texture on the propagation of small fatigue cracks has received little
attention in the literature. Gregory et al [125] investigated microcrack propagation in an
extruded 7475 aluminum alloy plate having a well defined texture with a major texture
component oriented such that {011} was parallel to the extrusion plane and <211> was
parallel to the extrusion direction. Hourglass fatigue specimens were oriented parallel
(0°) and 45° to the extrusion direction within the extrusion plane, and it was found that
small fatigue cracks in both orientations propagated well below the large-crack AKih.
However, small cracks of length as great as 100 um in the 45° specimens were
temporarily arrested at grain boundaries, while grain boundaries were not significant
barriers to cracks of length greater than 30 um in the 0° specimens. It was concluded
that this difference was due to more severely deflected crystallographic cracking in the
45° specimen. Aside from the grain boundary effects, however, no significant influence of

texture on small cracks was reported.

The effect of texture on the growth of small cracks in basal-textured Ti-6Al-4V
was investigated by Brown and Taylor {126). The test material, which was acquired in

the form of a 100 mm square billet, was investigated in a mill-annealed microstructure
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and a similar grain-coarsened microstructure (4.7 and 11.7 um grain sizes,
respectively). It was found that cracks oriented parallel to the dominant basal plane
exhibited a slightly higher long-crack AKy,, while the small-crack growth rates in this
specimen orientation were somewhat faster that when cracking was perpendicular to the
dominant basal plane. These differences were attributed to elastic modulus,
environmental, and crack closure effects, with the latter probably being most important.
The texture in the alloy was apparently weakly developed, however, making definitive

evaluation of texture effects difficult.

2.5.6 Differences in Crack Growth Mechanism

Crack initiation often occurs crystallographically as the result of a maximum shear
stress, and the crack plane tends to assume an orientation 45° from the axis of loading
(Stage I crack growth [107]). Under these circumstances, initial crack propagation
occurs under a combination of Mode | (opening) and Mode 1 (in-plane sliding) loading,
and propagation continues in Stage | until multiple slip systems can operate, allowing
deformation to become more homogeneous. At this point, the crack assumes an orientation
that is perpendicular to the axis of loading (Stage Il crack growth [107]). Most data from
tests of large-crack specimens are developed under Stage Il conditions, while naturally
initiated small cracks may initially propagate under Stage I. Variations in the mode of
crack initiation and constraint due to free-surface effects may be expected to produce

differences in crack extension mechanism for small and large cracks.

A detailed review of the available literature on the propagation of small fatigue
cracks, however, reveals little evidence of a crack-size dependence of crack growth
mechanism. Although there are occasional reports of variations in small-crack da/dN

associated with local microstructural variations [e.g., 115,116], these influences appear
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to be consistent with the behavior of large cracks. When the plastic zone size of both large
and small cracks is of the order of the grain size, Stage | propagation is often observed.
This might be expected to lead to different behavior of large and small fatigue cracks due to
the difference in the number of grains affected, and the local mixed mode | and mode |i
crack opening displacement might be expected to influence large- and small-crack growth
differently. However, the mechanism of crack growth does not appear to be fundamentally

different for small and large cracks.

2.6 Crack-Shape Effects

Natural fatigue cracks in components and structures most often form as surface or
corner cracks, and it is important that the mathematical description of the crack and its
stress field accurately reflect the actual shape of the crack. Experimentally, propagating
surface cracks often maintain a nearly semicircular shape, however, a number of factors
may modify this shape for very small, naturally occurring cracks. The formation of a
small crack may result from the linkup of several surface microcracks, producing a long,
shallow surface crack. Alternatively, surface compressive residual stresses produced by
machining, shot peening, ion implantation, or some other surface treatment may alter the
stress intensity factor locally, and small surface cracks that form may be much deeper
than expected. In addition to the influence of residual stresses, free surface effects may
influence the shape of small cracks. Trantina and delorenzi [53] employed
three-dimensional finite element calculations to show that the high stresses that are
generally required to initiate small cracks may exaggerate the effect of the plane stress
state at the free surface, leading to significant changes in crack shape and the associated
stress intensity factor. Although the effect on stress intensity factor calibrations of
variations in crack shape [127,128] and residual stresses [129,130] have been

effectively modeled, these effects must be recognized and included in predictions of the
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growth of small cracks if component life calculations are to be accurate.

Changes in the shape of a small propagating crack may lead to "anomalously” rapid
growth of small cracks based on surface crack length measurements. Clement et al [131]
and Pineau [132] have shown that a crack that initiates from a surface inclusion may
appear to propagate rapidly initially, followed by a period of decelerating crack growth,
simulating the behavior of a small crack approaching a grain boundary. As shown in Fig.
2.12, a crack that initiates from an embedded spherical inclusion intersecting the
specimen surface may form as a deep crack (a/c > 1). Subsequently, such cracks often
tend to propagate rapidly along the specimen surface in order to achieve a more stable,
approximately semicircular, shape (a/c = 1). Surface measurements of crack length

thereby show an artificial pattern of initially rapid growth followed by deceleration.

o

«— v —

Fig. 2.12  Surface-crack shape changes that produce artificially rapid
growth rates based on observations of the specimen surface (after
131,132]. The observed dc/dN strongly resembles the behavior
of a small crack approaching a microstructural barrier.

Irregular changes in the shape of small fatigue cracks have aiso been reported by

Wagner et al [113] in aged Ti-8.6Al, which exhibits extremely planar slip. The process
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is illustrated in Fig. 2.13. Crack initiation in this material normally occurs at a

persistent slip band within a single grain. By serial removal of layers of the specimen
surface, it was found that a long, shallow crack normally forms within a si ~ “and uid is
temporarily pinned by grain boundaries at the tips. Although further crack growth is
temporarily blocked at the specimen surface, the depth of the small crack incieases, and
the crack shape becomes approximately semicircular. Subsequently, a surface slip band
forms at the crack tip in the adjacent grain and eventually becomes a shallow crack pinned
by the next grain boundary. Small cracks were found to continue this trend until
achieving a surface crack length of approximately five grain diameters, after which the
general crack shape remained approximately semicircular. Although this behavior is
probably limited primarily to planar-slip materials, such irregular development of

crack shape may produce large variations in crack growth rate (measured at the surface)

which may lead to "anomalous” growth of small cracks.

2.7 Multiple-Crack Interactions

Depending on material and stress level, cyclic loading may result in the formation of
a single crack or an array of small cracks. When several cracks are present, their stress
fields may interact, and the result may be to increase or decrease the individual stress
intensity factors of the cracks. Some orientations give rise to reductions in K, while the
stress intensity factors for two approaching crack tips tend to be magnified. It has
recently been shown, however, that for two crack tips approaching each other along the
same plane and separated by one quarter of their length, the magnification in K is less than
approximately ten percent [133]. Alternatively, a single small crack may bifurcate, and
the resulting pair of crack tips generally shield each other, effectively reducing the net

crack driving force [134].
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Fig. 2.13 Ti-8.6Al smali-crack shapes determined by serial polishing
[113]. Small, shallow cracks were found to develop ircm slip
bands that were pinned at grain boundaries. Repetition of this
process eventually produced a crack of approximately
semicircular shape.
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2.8 Effects of Crack Closure

It has often been suggested that the anomalous behavior of small fatigue cracks may
be at least partially due to differences in the crack closure characteristics of large and
"physically-small* cracks. The concept of fatigue crack closure, originally introduced in
1970 by Elber [135,136], has been the focus of extensive research on large cracks and
has recently been the subject of a number of review articles [137-139] and a symposium
[140). Essentially, crack closure may be described as the premature contact of a crack’s
fracture surfaces during cyclic unloading in fatigue, effectively terminating further
crack-tip deformation until the crack reopens at some point later in the tensile portion of
the fatigue cycle. In the absence of significant hysteresis, the experimental evidence
indicates that the stress intensity factor at crack closing (K) and crack opening (Kop)
are often nearly equal. In the present discussion crack closing and crack opening loads
will be assumed to be equal unless specifically stated otherwise, and the terms will
therefore be used interchangeably. As a result of crack closure, the tip of a crack that is
subjected to a nominal applied stress intensity factor range, AK = K,y - Ky, may
actually experience a lesser effective stress intensity factor range, AK ¢ = Ky - KgJ-
Thus, variations in closure level may alter the effective driving force for fatigue crack
propagation. Crack closure has been shown to arise from a number of sources associated
with the fracture surface plasticity [135,136], oxides [141-143], roughness
(asperities) [144-146], viscous fluids [147,148], and stress-induced phase
transformations [149,150]. Although a number of these mechanisms may operate

simultaneously, the first three are thought to be of primary importance in most metals.

Each of the five mechanisms of closure, illustrated schematically in Fig. 2.14 and
discussed separately below, is considered to be a form of extrinsic material toughness

which shields the crack tip from a portion of the nominally applied crack driving force
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Fig. 2.14 Schematic illustration of the various mechanisms of fatigue crack
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[151). Extrinsic toughness is additive to a material's intrinsic toughness (innate

resistance to crack propagation) and may significantly increase a material's total
resistance to crack growth. Although intrinsic toughness is thought to be independent of
crack geometry, the contribution of an extrinsic toughening mechanism such as crack
closure may be a function of crack length, as first suggested by Broek [152]. Since’
closure operates behind the crack tip, a crack of zero length cannot experience closure,
and the full development of closure is argued to require some finite crack extension. Thus,
during the period of initial crack extension and associated development of crack closure,

there is a lack of similitude between the closure levels of small and large cracks,

producing different effective crack driving forces for the two nominally equivalent cracks.

According to Elber's original mechanism [135,136), termed plasticity-induced
closure, the crack-tip plastic zone forms a wake of residual tensile deformation behind
the crack tip as the crack propagates. The material in the plastic wake has incurred
residual tensile plastic deformation perpendicular to the crack face, and upon unloading,
the faces of the crack contact prematurely. Plasticity-induced closure operates primarily
in the plane-stress, near-surface region of a crack, although a small plane-strain
contribution has also been demonstrated experimentally [153] and numerically [154)]. It
has been shown analytically [155] and numerically [156] that Kop > K| under
plasticity-induced closure and that the level of plasticity-induced closure is accentuated
by cyclic hardening [155] and high stress ratios {155-157]. The calculated dependence
of plasticity-induced crack closure on stress state, stress level, and stress ratio is
illustrated in Fig. 2.15 [156]. Finite element method calculations by Newman [156]
have indicated that the development of plasticity-induced closure can account for the rapid
growth of small cracks. These predictions of small-crack growth rate have been shown to
be in good agreement with experimental data from materials for which plasticity-induced

closure was dominant {156,158-162).
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Fig. 2.15 Normalized crack-opening stresses as function of stress ratio
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A second mechanism, termed oxide-induced closure, results from the build up of
oxide or corrosion debris on the fracture surfaces, wedging the crack open. This
mechanism was first suggested by Paris et al [141] and later refined by Stewart [142]
and Ritchie et al [143]. Generally, oxide-induced closure only becomes significant when
the total wedging thickness due to accumulation of an oxidation or corrosion product at the
crack tip approaches the crack-tip opening displacement. This mechanism is significantly
enhanced by fretting [163,164], which can only occur if another form of contact closure
is present or if compressive loading occurs. Since oxide-induced closure is enhanced by
fretting, this mechanism operates primarily in a region immediately behind the crack tip

at near-threshold stress intensity levels [163].

The concept of roughness-induced crack closure was initially suggested by Cooke and
Beevers [144] in 1974 and more formally introduced later by Walker and Beevers [145]
in 1979. According to this mechanism, which is also known as asperity-induced crack
closure, residual shear displacements and asperities on the fracture surface produce
imperfectly mating fracture surfaces that contact and transfer load prior to complete
remote unloading. Whereas the first two closure mechanisms are primarily the resutt of
mechanical and environmental effects, respectively, roughness-induced closure is largely
a manifestation of the material's microstructure [e.g., 78,79,81,122-124,165). The
shear offsets produced on the fracture surface are the result of crystallographic slip, and
the scale of the surface roughness has been observed to correlate reasonably with the scale
of the continuous slip length of the microstructure [122). Although roughness-i...~ed
closure is considered to be more important in the AK regime corresponding to near
threshold crack growth rates, it has been observed to be a dominant closure mechanism
well into the mid- to upper-AK range for some materials [122-124,166-169).
Roughness-induced crack closure has been represented by a number of simple models

[146,170-172] that incorporate parameters that attempt to quantify the character and
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magnitude of fracture surface roughness.

The mechanism of viscous fluid-induced crack closure [147,148) operates when a
crack is submerged in a liquid environment, producing hydrodynamic wedging due to the
viscous medium inside the crack. This mechanism is enhanced by low stress ratios but is
often accompanied by competing mechanisms which include minimization of oxide-induced
closure and suppression of a moisture-related corrosion fatigue process that might occur
in humid air. Viscous fluid-induced crack closure is generally of secondary importance,
partially because of offsetting effects of viscosity. Increased viscosity leads to greater
internal fluid pressure within the crack, but this is opposed by a decrease in penetration

of the fluid into the crack as viscosity increases.

Phase transformation-induced crack closure [149,150] occurs when material in
the process zone ahead of a propagating crack undergoes a stress-induced phase
transformation that results in a dilation of the transformed material. As the crack
propagates, the wake of transformed material produces a wedging action behind the crack
tip. This mechanism is appears to operate in a very limited number of materials,
primarily Transformation Induced Plasticity (TRIP) steels and transformation-toughened

ceramics.

In many instances the primary contribution of crack closure occurs in the
near-threshold crack growth region, and there is significant evidence that AKyy, is
influenced appreciably by crack closure. In a number of materials Kop/Kmax has been
found to approach 1 as AK approaches AKy, [e.g., 173-175}, indicating that crack closure
is largely responsible for crack arrest at AK,,,. Moreover, measured levels of crack
closure were found 1o be abruptly reduced by careful removal of the wake of the crack, and

during subsequent crack propagation the closure level increased smoothly with increasing
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crack length, while the accompanying fatigue crack growth rate was commensurate with
the instantaneous level of AK . It has been shown numerically [156] and
experimentally [176,177], however, that the high values of closure measured at
near-threshold growth rates may be an artifact of the decreasing-load history normally

used in AKy, experiments. This possibility remains a point of discussion and concern.

Although closure measurements on large cracks may be obtained routinely with the
aid of a microcomputer, a number of complexities and uncertainties remain regarding
both the acquisition and analysis of the experimental data [139,178,179). A number of
investigators [180-186] have reported that the level of crack closure obtained from
crack-opening-displacement measurements is dependent on the location of the
measurement. Holding all other variables fixed, Kop/Kmax has been found to increase as
the measurement location approaches the crack tip. It has been suggested that this
behavior may be a near-surface effect (at least for plasticity-induced closure) and that a
remote measurement, which reflects the bulk response of the specimen, is more
appropriate. From a practical point of view, calculations of AK g based on remote closure
measurements often provide a means of consolidating crack growth rate data from
different materials under various loading conditions. Fundamentally, however, the

significance of near-tip crack closure behavior remains an important question.

The measurement and interpretation of crack closure is also complicated by
three-dimensional effects, which may be important for through cracks in thick plates
[187] and surface cracks [188-190]. Experimental characterization of
three-dimensional crack-opening behavior is extremely difficult in metals but has been
thoroughly investigated in transparent materials using Newton interferometry
[187,190]. In both through-crack and surface-flaw geometries in these materials,

crack closure has been shown to be dominated by near-surface plasticity. For
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polymethylmethacrylate specimens containing surface flaws loaded in bending,
crack-opening behavior has been found to be very complex, and although not a unique
trend, a number of cracks have been found to open as illustrated schematically in Fig.
2.16 [180]. This figure shows that the interior of the crack is open at zero load, and as

the load is increased the crack opens progressively: first at the depth, then at the crack
mouth, and finally at the surface crack tip. it appears that each of these three conditions
of crack opening can be detected independently by careful remote measurements of crack
opening displacement. Considering the three-dimensional quality of crack opening
behavior, it is difficult to quantify surface-flaw crack closure with a singie parameter,

and it is unclear which aspect (or combination of aspects) of three-dimensional crack

closure controls crack growth rate.

Examinations of the closure behavior of surface cracks in bending in low-strength
steels [188,189] also suggest that crack closure load is a maximum at the specimen
surface. James and Smith [188] infiltrated small cracks with epoxy resin under load and
performed careful sectioning experiments tc determine crack opening behavior at the
depth of the crack. They concluded that Kop determined from remote load-displacement
measurements was primarily associated with crack opening at the crack depth. Although
these findings on metals are consistent with the observations reported for transparent
materials, all of the available results appear to be from materials that are dominated by
plasticity-induced closure. The three-dimensional aspects of crack closure may be of
much less significance for materials and test conditions where oxide- or
roughness-induced crack closure are appreciable, since these mechanisms are believed to

operate extensively in the plane-strain region of the crack.

The dependence of crack closure on crack length has been examined experimentally

in a number of investigations. Several researchers measured crack closure and crack
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growth rate after removal of the wake of long, through-thickness cracks in aluminum
alloys [173-175,191,192], steel [193], and Inconel 718 [194]. After wake removal,
long cracks that had been arrested at AK, exhibited significantly lower closure loads
(higher AK¢) and propagated rapidly without increasing the applied load range
[173-175,191]. Although much of the crack wake was found to contribute to closure, a
region within approximately 500 um of the crack tip was of primary importance. For
long cracks that had been propagated only at stress intensity factor ranges well above
AK;p, however, there was little or no change in closure following removal of the crack
wake [192,194]. Collectively, the crack wake studies underline the important role of
closure in determining AKy,, although as discussed earlier, the high closure levels
observed at near-threshold growth rates may be at least partially the result of the

decreasing load history used to attain low growth rates.

Due to the great experimental difficulty involved, a very limited number of
experiments have been performed to measure closure of small cracks. Morris and
coworkers used scanning electron microscopy to obtain small-crack closure
measurements on a series on aluminum alloys [92-94,195-197] and
Ti-6Al-25n-4Zr-6Mo [198-200]. In the aluminum alloys they observed that closure of
small surface cracks approximately followed the simple relationship

Po/Pmax = C S(0)/L

max
where C is an arbitrary constant, 8(0) is the residual crack-mouth opening at zero load,
and L is the tip-to-tip crack length. After empirical determination of C from a limited
number of load-displacement measurements in the SEM, it was possible to obtain an

estimate of the level of closure for numerous small cracks simply by measuring §(0).

(2.13)
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In Ti-6Al-2Sn-4Zr-6Mo [198-200], SEM measurements of CTOD at zero load
revealed the dependence of closure on crack length. As shown in Fig. 2.17, residual CTOD
increased with increasing crack length until achieving a stabilized value for 2¢ > 150 um.

It was concluded that the data represented the development of roughness-induced crack
closure, and a model was constructed that predicted a decrease in AK, based on

measurements.

Tanaka et al [201,202] mounted strain gages across sharp notches in a
low-strength steel to monitor closure of short, through-thickness cracks propagating in
the notch field. Although such strain-gage methods normally have inadequate resolution
for determination of small-crack closure, the reported measurements were facilitated by
the presence of the notch, which sufficiently amplified the crack opening displacement.
The closure measurements were used to calculate AK ¢, which as shown in Fig. 2.18, was

effective in consolidating the data of large and small cracks.

Clement et al [131] used a clip-gage extensometer to monitor the development of
closure of short, through-thickness cracks in nodular cast iron. They reported closure
measurements on cracks as short as approximately 0.4 mm and showed that a crack length
of approximately 1.5 mm was required before closure was fully developed in this
material. The authors suggested that the transient development of crack closure was

primarily responsible for the rapid growth of small cracks in the nodular cast iron.

lyyer and Dowling [203] used acetate replicas to monitor smali-crack closure in
4340 steel specimens tested in strain-controlled fatigue at high strain amplitudes. The
high-strain experiments generally produced bulk plasticity and cyclic ratcheting of the
specimens, which gave rise to a significant residual crack opening at zero load. As a result

of the significant hysteresis in the load-displacement measurements, crack closure did not
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occur until the lowest stress level in the fatigue cycle was approached, and crack opening

occurred in the compressive portion of the cycle.

2.9 Differences in Local Crack-Tip Environment

Gangloff [204] first demonstrated that an aggressive environment may affect small
and large cracks differently, leading to a difference in growth rates under nominally
equivalent test conditions. He investigated crack growth in ultrahigh strength 4130 steel,
which did not show a crack-size effect when tested in air. Using an electrical potential
method [205-207] to monitor the growth of small cracks in a 3% NaCl aqueous solution,
growth rates of small cracks were found to be two orders of magnitude faster than for
equivalent large cracks. This effect was attributed to differences in the hydrogen ion
concentration in the region of the crack tip due to differences in the fluid pumping
efficiency for small and large cracks. Similar small-crack behavior has been reporied by
Saxena et al [208] for an austenitic steel in an environment of 95% H> and 5% moist air.
In testing of the aluminum alloy 7075-T6, Lankford [209] found an unexpected change in
the mechanism of growth for small cracks in an environment of moist air. In this
instance, the change in crack growth mechanism was offset by the normally aggressive
influence of the environment. In general, cracks that are characterized as
"chemically-small* may not satisfy the definition of a small crack based on mechanics or

microstructural considerations.

2.10 An Assessment of the Literature on the Growth of Small Cracks

2.10.1 Rationale for the Present Investigation

The available literature on small fatigue cracks may be organized conceptually
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according to the present terminology of the field which distinguishes cracks as
mechanically-, microstructurally-, physically-, or chemically-small. These

classifications reveal the breadth of the small-crack problem and highlight the variety of
scientific disciplines that are relevant to research in this area. Due to the multifaceted
nature of the problem, it is desirable to conduct a number of focused investigations which
selectively emphasize mechanical, microstructural, physical, and electrochemical aspects
of the problem. By isolated study of these various features, it should be possible to evolve

a fundamental understanding of the overall small-crack problem.

Although considerable effort has been devoted to understanding mechanically-smail
cracks, the search for a general parameter capable of describing crack driving force
independent of crack size has proved elusive. A number of modifications to existing
parameters have been proposed, but none of these has been adequately supported
fundamentally, and many are entirely empirical. Beyond the success of the various
nonlinear parameters in dealing with elastic-plastic effects, a general analytical solution

to the small-crack problem is lacking.

Much of the available literature has dealt with cracks that were microstructurally
small, but many of these investigations did not actively address effects of microstructure.
While a number of researchers have reported phenomenological aspects of small-crack
behavior that included the influence of microstructure, there have been relatively few
controlled investigations to examine microstructural effects on small cracks. Such
research, however, should provide valuable insight into the effects of small-crack
propagation on fatigue life, since as stated earlier, variations in microstructure often

have opposing effects on crack initiation and crack propagation.
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Although crack closure effects have often been cited as a possible explanation for
small-crack effects, the difficulty of conducting critical experiments on these
physically-small cracks has severely hampered research. The few reported
measurements of small-crack closure have generally been performed under very
restrictive conditions designed to enhance displacement-measurement resolution. This has
been necessary because, with the exception of very time consuming SEM methods, the
existing experimental techniques have generally been inadequate to measure closure of
very small, naturally occurring cracks. Questions regarding the phenomenon of closure,
specifically as induced by fracture surface roughness, remain largely unanswered.
Moreover, the interrelationship between microstructural variables and crack closure has
received only limited study in large-crack specimens and is virtually unexamined from
the perspective of small cracks. Such research has a large potential payoff in the area of

alloy design as well as in component life prediction.

Unusual effects of environment on the growth of chemically-small fatigue cracks
represent an important, but unique, aspect of the small-crack problem and pertain to a
relatively limited range of service applications. While this is an important area of study
in many respects, it is largely separate from the more general crack-size effects that are

widely observed in nonaggressive environments.

Although the review of the literature reveals a number of strong candidates for
additional research, an investigation of the effects of microstructural variables and crack
closure on small cracks appears to be extremely pertinent to both material design and
application. The combined study of the two small-crack issues is both appealing and
necessary. !t appears that microstructural effects on crack growth are often manifested
through an influence on crack closure, and from a reverse point of view, microstructural

variations provide a method to manipulate crack closure characteristics for controlled
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study. Moreover, with the selection of an appropriate alloy system, it should be possible
to isolate microstructural and crack closure effects sufficiently to facilitate a systematic
and fundamental investigation. Since variations in stress level in the nominally elastic
range may influence the level of plasticity-induced crack closure as well as the extent of
crack-tip plasticity, stress level should be included as an experimental variable to help

isolate its eftect.

2.10.2 Selection of an Alloy System

To date, most of the research concerning the growth of small cracks has been
performed on materials having cubic crystal structures, e.g., steels and alloys of
aluminum and nickel. Only a limited amount of research has addressed materials with the
more restricted deformation behavior exhibited by hexagonal-close-packed (HCP) crystal
structures, such as titanium alioys. From a practical point of view, investigations of
materials possessing the HCP structure would be of significant value, since such materials
have a number of technically important applications. Moreover, intermetallics based on
titanium appear to offer improved high-temperature capability if effective
life-management methods can be developed and demonstrated. In addition to the practical
value, variations in the microstructure of titanium alloys can have a marked effect on the
materials' mechanical properties, including crack initiation, crack propagation, and crack
closure characteristics. Based on these considerations, along with the existence of
well-documented relationships between microstructure and the corresponding physical
and mechanical properties [74,79,82,113,114,119,120,122-124,165,210-240),
the a-phase titanium-aluminum alloy system was chosen for investigation. The following
discussion is intended to summarize the existing understanding of the physical and

mechanical metallurgy of these alloys.
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2.11 Titanium-Aluminum Alloys

2.11.1 Physical Properties of Ti-Al Alloys

As an element, titanium is a low-density metal that exhibits an allotropic
transformation at 882.5°C [210]. Below this temperature, the hexagonal-close-packed
(HCP) a phase is stable, while the body-centered-cubic (BCC) B phase exists from
882.5°C to the melting point (= 1668°C). Although pure titanium is often used by the
chemical and petroleum industries in aggressive environments at high temperature, in
structural applications the metal is normally alloyed with other elements which tend to
stabilize either the o or B phase. The most important a-phase stabilizers (and
strengtheners) are Al and O, of which Al is the most important technically, while O is the
most potent but quickly leads to embrittlement. Solute additions of Sn and Zr strengthen
the a phase but have an approximately neutral effect on the o/ transformation
temperature. The B phase can be stabilized by solute additions of refractory metals such

as v, Mo, Nb, and Ta and transition metals such as Fe, Cr, Mn, and Ni.

Of the structural alloys, those having microstructures based on a combination of the
a and B phases are extremely important technically and have numerous applications in
structural components requiring high strength, low density, and temperature capability
up to approximately 550°C. Since many of the o+ ailoys consist primarily of the o
phase, the relationships between microstructure and mechanical properties of this phase
are of fundamental interest. In a+f alloys, aluminum partitions strongly to the o phase,
while the concentration of §§ stabilizers in the o phase is low. Thus, the binary
titanium-aluminum system (containing a very low concentration of oxygen) simulates the
a phase in the more important two-phase alloys. The physical and mechanical metallurgy

of these alloys are well understood [74,79,82,113,114,119,120,122-124,165,
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210-240}], making the Ti-Al alloy system a very strong candidate for studying

microstructurally related small-crack effects.

Figure 2.19 presents the accepted phase diagram of titanium-aluminum alloys
containing up to approximately 15.8 weight % (25 atomic %) aluminum. This diagram
was primarily the result of the work by Blackburn [212] and, later, by Namboodhiri et
al [229]. As shown, at low temperatures the o phase exists at equilibrium in alloys
having aluminum concentrations up to approximately 6% (all compositions will hereafter
be given in percent by weight). The difference between the o/o+o,, phase boundary found
by the two investigations is due to differences in the concentration of oxygen, which
stabilizes the a phase. The a-phase has a disordered HCP structure that is both
elastically and plastically anisotropic. In pure titanium the anisotropy arises from the
small c/a ratio of the crystal structure, which is 1.5873 [210] as compared to -he 1.633
value calculated assuming a hard-sphere atomic model. Additions of aluminum tend to

reduce both the a and c lattice vectors approximately uniformly [240].

At low temperatures, allovs having aluminum concentrations greater than
approximately 12.5% Al consist entirely of the equilibrium a, phase which has an
ordered hexagonal DO, g structure based on the stoichiometric composition TizAl. This
structure exhibits brittle behavior (cleavage fracture) in the bulk polycrystalline form
due to the difficulty of activating the five independent slip systems necessary to
accommodate an arbitrary, internal shape change (Von Mises criterion). This difficulty,
coupled with the planar slip characteristic of superlattices, tends to favor the onset of
fracture instead of flow. The limited number of slip systems is the result of differences in
the critical resolved shear stress necessary 1o move superdisiocations on the possible
(non-equivalent) slip systems in the ordered structure [238]. Although a dislocations

are easily generated, c+a dislocations are less commonly observed in TijAl [238].
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Within the a+a, phase field, near the o/a+a, phase boundary, solution-treated
Ti-Al alloys may be aged to form a fine, uniform distribution of o, precipitates in an
a-phase matrix. Since the lattice misfit between the precipitates and the matrix is small
(a misfit = 0.83%; ¢ misfit = 0.35% [238]), the precipitates remain fully coherent
with the matrix up to a size of approximately 120 nm [212]. The precipitates are
spherical in shape until reaching a diameter of approximately 10 nm [227] to 50 nm
[212], after which they become ellipsoidal, with the major axis of the ellipsoid aligned
along [0001] in the matrix [212]. In the low-temperature a-phase region near the
o/a+a, boundary, electron diffraction results have indicated the presence of the ordered
structure, although no precipitates could be detected at a resolution of 25A [212]. This
finding is believed to indicate the presence of short-range order in the a-phase. The
suggestion of short-range order is further supported by electric resistivity
measurements, which suggest the presence of an ordered structure long before identifiable
precipitates begin to form [229], and by the observations of a wavy to planar slip

transition with increasing Al content {213].

2.11.2 Mechanical Behavior of Ti-Al Alloys

Although considerable research has been devoted to developing an understanding of
Ti;Al-type alloys, the present investigation will consider only solid-solution and
precipitation-strengthened a-phase alloys. Therefore, the following discussion of
deformation and mechanical properties of Ti-Al alloys will nct be extended to Al

concentrations which correspond to alloys based on the Ti; Al composition.

fn addition to stabilizing the o phase of titanium-aluminum alloys, aluminum (and
oxygen) additions to titanium reduce density [213], increase Young's modulus [213],

increase strength [210,213,221,230,232,236), reduce work hardening rate [31],
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promote planar slip [213,230,232,236,238], and suppress twinning

[213,230,232,238,239]. Plastic deformation of Ti-Al alloys is often very complex,

occurring by a combination of slip and twinning on the possible systems identified in Table
2.2 [232]. Because of this, texture is an important variable in assessing the mechanical
behavior of Ti-Al alloys. In tests of carefully prepared single crystals of Ti-Al alloys

ranging in aluminum content from 0 to 6.6% Al, Paton, Baggerly, and Williams [230]
determined the critical resolved shear stress (CRSS) required to promote a slip, on

prism and basa! planes, and c+a slip as a function of temperature. It was found that the
CRSS for prism slip was lowest under all conditions, although both increasing aluminum
content and increasing temperature tended to reduce the difference between CRSS for basal

and prism slip. Slip with a c+a Burgers vector was always more difficult than a slip.

Table 2.2: Slip and Twinning Modes in o-Phase Titanium [232]

a Slip, <1120> {1010}
(0001)
{1011}
c+a Slip, <1123> {1070}
{10711}
{1121}
{1122}
Iwioning Modes
{1072} (Primarily operative [230,232])
{1121}
{1122} (Observed in compression [231])
{1123}

{1124}
{1c11}
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Alloys having low aluminum contents deformed by a combination of slip and twinning,
while increasing Al concentration suppressed the occurrence of twinning. The shear
strain produced by twinning often requires accommodation by ¢+a dislocations in the
matrix, and twinning may reorient the lattice to allow turther a slip [232]. Although a
combination of a slip and twinning can accommodate an arbitrary shape change, the

suppression of twinning requires c+a slip to operate [230,232].

The character of deformation of a-phase titanium-aluminum alloys depends on Al
content and heat treatment [213,227,230,236,238], as well as on the concentration of
oxygen [239]. In polycrystals, the observed deformation also depends on texture. Holding
oxygen concentration constant, increases in aluminum content of Ti-Al alloys produces a
change in slip character from fine (homogeneous) wavy slip in alloys with small amounts
of aluminum (< approximately 4% Al) to coarse (heterogeneous) planar slip in alloys
with higher aluminum content (> approximately 6% Al). For single-phase Ti-Al alloys
within the compositional range of 4% < Al < 6% there is a marked reduction in the
incidence of cross slip, and slip planarity increases dramatically [213,230,232,236].

This behavior is believed to result from short-range order in the a phase [213].

For alloys that have been aged in the a+a, phase field, the presence of uniformly
nucleated o, precipitates gives rise to a modest increase in strength, while severely
reducing ductility [213,218,227,230,232,236,238]. The maximum increase in
strength attainable during aging is associated with a precipitate diameter of approximately
10 nm [213,227]. Since the precipitates are coherent and have a small misfit strain,
they are normally sheared by dislocations. Dislocation looping only occurs in extremely
overaged material having very large precipitates separated by more than approximately
80 nm [227]. The presence of the ordered, coherent precipitates serves to enhance slip

planarity and further concentrate (localize) slip into fewer widely-separated,
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well-defined bands [119,120,213,227,230,232,236,238]. This strain localization

results from strain softening within individual slip bands brought on by destruction of the
ordered precipitates within the slip bands [119,214,221,224,230,232,236,238].

Since the brittle behavior of aged Ti-Al alloys generally results from cracking that
initiates from dislocation pileups at grain boundaries [221,224,227,232], reducing the
grain size improves ductility by reducing the average slip length and the corresponding

number of dislocations within a pileup [221,234].

Due to plastic anisotropy of individual a-phase grains in titanium-aluminum
alioys, mechanical working of these materials in their polycrystalline form often
produces crystallographic alignment, or texture, in the final product
[79,112,232,235]. As aresult, the finished product may exhibit bulk elastic and plastic
anisotropy, which may strongly influence mechanical behavior. The most common
crystallographic texture in rolled plate is associated with coordinated lattice rotations,
wherein the average crystallographic orientation is no longer random but one having a
majority of the crystals oriented such that their [0001] directions are aligned
approximately normal to the plane of the rolied plate. This basal texture is often observed
in Ti-Al alloys {122,228,232,235]) and may produce approximately planar isotropy and
relatively higher strength and modulus values in the short transverse

(through-thickness) direction [232].

The mechanical performance of titanium-aluminum alloys under cyclic loading has
been studied in terms of both crack initiation [119,120,220] and crack propagation
[112,113,122-124,215-218,217-219]. In an extensive investigation of a series of
Ti-Al alloys that was solution heat treated and quenched to prevent the formation of a
precipitates, Kim [119] and Kim et al {120] found a significant influence of slip

character on the initiation of cracks that formed under strain-controlled low-cycle
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fatigue (LCF). Although dislocation densities were higher under cyclic loading than under
monotonic loading, the character of the dislocation arrays observed under monotonic and
cyclic loading were qualitatively equivalent. The dominant deformation mode for both
monotonic and cyclic deformation was confirmed to be a slip on prism planes. As shown in
Fig. 2.20, a poorly developed cellular dislocation structure was produced by cyclic loading
of Ti-4Al, while more closely spaced bands of dislocations were observed in solution
treated and quenched Ti-8Al. The dislocation structure developed in aged Ti-8Al was
localized in fewer, very intense, slip bands (Fig. 2.20c). Twinning was commonly
observed in cyclically-loaded Ti-4Al and to some extent in Ti-8Al; twinning was not
observed in Ti-8Al that was ioaded monotonically. Increasing slip planarity was found to
promote early crack initiation due to concentration of slip within a few slip bands. Thus,
the single-phzse v aioys tha! had low alumirum centents exhibited the best LCF
performance ong aioys with highics concenirations of Al had inferior LCF capability,
althougts by wece af higher atrangth. The gged alioyn. exhiblling strain localization, had

thiz werst iow Cvcie fangue capabtis .

The corcespondence beiween slip character and iatgue crack propagaton showed a
very different trend in research reported by Allison [122] and Aliison and Williams
[123,124,211]. Testing of large cracks performed to determine near-threshold crack
growth behavior of a series of Ti-Al alloys indicated that solution-treated Ti-8Al had the
highest threshold stress intensity factor range, AKyp, while Ti-4Al exhibited the lowest
AKip. The AKy, for aged Ti-8Al was found to lie at an intermediate value. The differences
in crack growth behavior among the three alloy conditions was found to be due to different
levels of roughness-induced crack closure observed in the various materials.
Measurements of crack closure were used to calculate values of AK 4 for each of the three
materials, and replotting the data against this parameter effectively collapsed the

collection of data into a single band. It was concluded that differences in alloy slip
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character (controlled by microstructure and chemistry) were responsible for the
differences in fracture roughness which, through crack closure, controlled crack
propagation behavior of the alloy at low stress ratios. Previously, it had been believed
[220,228] that microstructurally-produced differences in slip reversibility were

primarily responsible for differences in fatigue crack propagation resistance of Ti-Al
alloys. By the process of elimination, however, it now appears that slip reversibility
does not exert a direct, major influence on fatigue crack propagation in

titanium-aluminum alloys.

The effect of grain size on fatigue crack growth in aged Ti-8.6Al was examined by
Lindigkeit et al [228]. These investigators conducted tests of large cracks in vacuum at R
= 0.2 and found that cracks in this material with a 20 um equiaxed grain size propagated
at rates approximately an order of magnitude faster that similar cracks in 100 um grain
size material. The alloy with the 100 um grain size exhibited a AKyy, of 15 MPavm,
while AKy for the material with the small grain size was less than 11 MPavm. Although
the difference between crack propagation in the two materials was initially attributed to
slip reversibility characteristics, Gray and Luetjering {165] reexamined a similar
Ti-8.6Al material and concluded that the grain-size effect on crack growth rate resulted
primarily from roughness-induced crack closure. The authors suggested that a secondary
factor that affected crack growth rates was a difference in the stress intensity factor

produced by grain-size-dependent differences in crack-path deflection.

The behavior of small fatigue cracks in aged Ti-8.6Al was examined by Gerdes et al
[112] and Wagner et al [113], and it was found that small semielliptical surface cracks
grew faster than nominally equivalent large, through-thickness cracks, and that
small-crack growth occurred below the large-crack AKy, (see Fig. 2.10). Because the

small-crack data obtained from tests of surface cracks at R = 0.1 eventually converged
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with large through-crack data at R = 0.6, it was concluded [112] that crack closure

effects were minimal in surface cracks. Although the small cracks invariably grew faster
than nominally equivalent large cracks, small cracks commonly exhibited a
crack-growth-rate minimum, which was suggested to result from crack shape effects.
Although small cracks maintained approximately semicircular shapes during the majority
of their lives, initial crack shapes were found to be shallow, having values of a/c << 1.
From this point, the small cracks propagated primarily into the depth of the specimen,
and the crack length on the surface changed vary little. Therefore, crack growth rates
determined from length measurements made at the surface were artificially low. When
the cracks assumed their equilibrium, semicircular shapes, crack growth on the specimen
surface wouid again commence. Thus, the crack-growth-rate minimum was concluded to

be an artifact of early irregularities in crack shape [113].

2.12 Objective of the Research

Based on consideration of the available literature. the assessment of the factors that
are believed to contribute to the small-crack "problem " and the identification of a
pertinent, otherwise well understood, alloy system. the following research objective has

been established:

to investigate thea interrelated effects of alloy slip character and crack ciosure on
the propagation of naturally initiated small surface fatigue cracks in

titanium-aluminum al'oys containing 4 and 8% aluminum.
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CHAPTER 3
EXPERIMENTAL PROCEDURE

3.1 Materials: Processing and Heat Treatment

The titanium-aluminum alloys examined in this investigation were obtained from
two sources. Approximately 7 kg of Ti-4Al alloy plate were obtained from a heat of
material originally procured from Titanium Metals Corporation of America. This specific
alloy plate was used in the research of J. E. Allison on the growth of large cracks reported
in references [122-124,211]. The second material, approximately 20 kg of Ti-8Ai
plate, was purchased specifically for the present investigation from Reactive Metals
Incorporated of Niles, Ohio. The chemical composition of both alloys is given in Table 3.1.
Both alloys were hot rolled in the a-phase field to limit grain growth and prepare the
material for recrystallization. The Ti-4Al was cast and forged from 1150°C and
repeatedly hot rolled from an initial temperature of 1010°C. The finished Ti-4Al plates
were approximately 150 mm wide, 600 mm long. and 12.7 mm thick. The Ti-8Al was
produced as a double-vacuum-melted ingot and repeatedly press forged from 1150°C until
it had been reduced to approximately 50 mm in thickness; press forging was continued
from 1010°C until the product thickness was 25 mm. This material was subsequently
vacuum annealed for 48 hours at 780°C to remove internal hydrogen. The plate was cut
into sections and repeatedly rolled from 1010°C to produce three plates of approximate

dimensions: 140 mm wide, 500 mm long, and 15.2 mm thick.
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Table 3.1: Chemical Composition of Ti-Al Alloys (Weight %)

Alloy Al Fe Q N
Ti-4Al 418 0.042 0.076 0.004
Ti-8Al 7.7 0.03 0.065 0.008

Initial metallographic examination of the Ti-8Al plate indicated the presence of
strain-induced, internal shear cracking. Similar cracking had been observed by Allison
in Ti-8Al [241], and the problem has been observed in other titanium-aluminum alloys
that were worked in the a-phase field and had aluminum concentrations greater than
approximately 6 weight percent [79]. The microcracking of the Ti-8Al alloy acquired for
the present investigation probably resulted during rolling operations when the working

iempe: zture dropped substantially below the 1010°C starting condition.

To eliminate the microcracking observed in the Ti-8Al material, the plates were hot
isostatically pressed (HIP) by Battelle Columbus Laboratories for 2 hours at a pressure
of 207 MPa and a temperature of 927°C. Subsequent metallographic examination of the
material both before znd after final heat treatment indicated that the HIP cycle had
effectively closed the microcracks by diffusion bonding. This successful result was
expected, since similar HIP conditions are routinely used to eliminate porosity in

titanium alioy castings.

The procedure used in heat treating and fabricating specimens from the Ti-Al alioys
was dictated largely by the desire to minimize residual stresses that might adversely
affect the fatigue experiments. [t is well known that residual stresses induced by
quenching can significantly influence crack growth behavior. Therefore, the as-received
plate was cut into oversize specimen blanks, which were solution heat treated in air in the

a-phase field to fully recrystallize the material. The Ti-8Al blanks were quenched in
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water to suppress the formation of o, precipitates. Since the Ti-4Al is entirely a phase
at equilibrium at room temperature, and is well removed from the o/a+a, phase
boundary, quenching was unnecessary. Therefore, this material was air cooled from the
solution-treatment temperature, thereby minimizing the development of residual

stresses.

Following solution heat treatment of the oversize blanks, specimens were machined
from the center of the blanks, which resulted in the removal of over 2.5 mm from each
surface of the Ti-4Al blanks and almost 4 mm from each surface of the thicker Ti-8Al
specimen blanks. Thus, the layer of material that contained the residual stress produced
in quenching was eliminated. Furthermore, the surface removal eliminated the thin outer
i.yer of material that was contaminated by oxygen during solution heat treatment. The
depth of penetration of the oxygen during heat treatment was confirmed by both diffusion
calculations and microhardness measurements to be less than 0.13 mm. Machining of
most of specimens was performed by Metcut Research Associates incorporated of
Cincinnati, Ohio using a precision low-stress-grinding process that minimized the
development of surface residuai stresses commonly produced by conventional machining
processes. A small number of additional small-crack specimens was fabricated using a
wire electro-discharge-machining (EDM) process, which avoided the formation of

mechanically-induced residual stresses.

Following machining, a number of the Ti-8Al specimens were aged in dynamic
vacuum to produce a uniform distribution of fine a, precipitates. The specific
heat-treatment sequence of all three material conditions is presented in Table 3.2. The
solution-treated Ti-8Al is designated Ti-8Al(s), and Ti-8Al(a) refers to the aged

condition of this material.
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Table 3.2: Heat Treatment of Ti-Al Alloys

Alloy Heat Treatment
Ti-4Al 900°C/2hr/air cool
Ti-8Al(s) 950°C/2hr/water quench
Ti-8Al(a) 950°C/2hr/water quench

vacuum age: 550°C/48hr/furnace cool

3.2 Microstructural Characterization

3.2.1 Light Metallography

The microstructures of the alloys were characterized by light metallography.
Metallographic samples were prepared by routine manual grinding and polishing, followed
by a final vibratory polishing operation using 0.05 um diameter alumina abrasive. Light
micrographs of unetched samples were taken using polarized light to achieve image
contrast. Average grain sizes (mean lineal intercept) were determined from the
micrographs using the standard three-circle procedure [242]. The mean lineal intercept
distance between grain boundaries obtained using the three-circle procedure may be
converted to an average, 3-dimensional grain diameter by multiplying by a factor of 1.68
[243]. Although the average 3-dimensional grain diameter has advantages in certain
applications, the mean lineal intercept distance is probably more useful when considering
the interaction of a crack front with the crystaliographic features of a polycrystalline

material.
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3.2.3 Crystallographic Pole-Figure Analysis

The character of the crystallographic texture produced during hot-rolling of the
plates of Ti-Al alloys was quantified by the construction of X-ray diffraction pole figures
taken in reflection. The pole-figure specimens were machined from the midthickness of
the rolled plate and were oriented parallel to the rolling plane. The pole-figure
construction was performed by Pratt and Whitney Aircraft of West Palm Beach, Florida
using a Huber pole-figure goniometer operated by a Digital Equipment Corporation 11/34
computer that used control software originally developed at Oak Ridge National
Laboratory, Oak Ridge, Tennessee. To interrogate a large number of grains, the
pole-figure device employed a mechanical stage to oscillate the specimen such that the
X-ray beam was swept over an area of approximate dimensions of 20 mm by 10 to 20
mm, depending on the incident angle of the X-ray beam. Pole figures were obtained using
the basal (0002), prism (10 10), and pyramidal {1C1 1) reflections, and reflection

intensities were calibrated relative to a texture-free sample of Ti-6Al-4V,
3.2.4 Transmission Electron Microscopy

A JEOL 2000 FX scanning-transmission electron microscope operating in
transmission mode at a potential of 200 KV was used to characterize the precipitate size
and distribution in the Ti-8Al. Conventional thin-foil samples were prepared by
electropolishing.

3.3 Mechanical Property Characterization

To provide a foundation for developing a complete understanding of the physics and

mechanics that govern the growth of small fatigue cracks in Ti-Al alloys, a full range of
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tests was performed to characterize the mechanical properties of the alloys. These
included both monotonic and cyclic tests as well as small- and lara=-crack growth rate
tests. All mechanical testing was performed in laboratory air at room temperature
(nominally 22°C), with the relative humidity ranging approximately from 40 to 60

percent.

3.3.1 Tensile Testing

Monotonic tensile testing was performed in accordance with ASTM specification E8
[245] using specimens of the geometry shown in Fig. 3.1. Specimens were machined such
that their loading axes were oriented either longitudinally (L) or transversely (T) to the
rolling direction of the plate. These tests provided measurements of tensile strength and
ductility, while also furnishing an assessment of in-plane elastic and plastic anisotropy of
the plate. All tests were performed on a screw-driven Instron tensile machine at a

cross-head rate of 0.0021 mm/sec, which corresponded to an approximate strain rate of

¢

6.4 mm

8 x 1073 sec™ 1.

Y/
-+ 12.7 mm
""""" ts.g mm T
B=12.7 mm

+

le—

——— 533 mm —»

106.7mm

Fig. 3.1 The specimen used for monotonic tensile testing.
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3.3.2 High-Cycle-Fatigue Testing

High-cycle-fatigue testing was performed in accordance with ASTM specification
E466 [246] using specimens of the hourglass geometry pictured in Fig. 3.2. All
specimens were fabricated with their loading axes aligned parallel to the transverse
direction of the rolled plate. Although the greatest care was exercised to achieve a
low-stress surface finish, X-ray residual stress analysis to characterize the specimen
surface typically produced by the low-stress machining process suggested that a residual
compressive stress existed in a surface layer of material up to 0.13 mm deep [247].
Therefore, to eliminate the possibly confounding effects of residual stresses, the gage
section of each specimen was electropolished until a layer of material at least 0.19 mm
deep was removed from each surface. The electropolishing was performed under a
20-volt potential at -40°C in an agitated solution containing 600 mi perchloric acid

(60% HCIO,4), 590 ml methanol, and 350 ml butyl celiosolve.

\

l R=48.0 mm
l 8 6.0 mm
b e s e eeel™)y ] 8 o rem-e e e -
12.5 mm +
—— 37.5mm
l-—— 75.0mm s

Fig. 3.2 The hourglass specimen used to determine fatigue strength.
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The fatigue tests were performed on an MTS servo-hydraulic fatigue machine
operating at 30 Hz with a load ratio of R = Pp;n/Pryoy = -1.0. Self-aligning hydraulic
grips were used to prevent specimen bending under tension-compression loading. Since
the results of the fatigue testing were to be used in the construction of "Kitagawa"
diagrams (similar to that shown in Fig. 2.2) for each material, the primary objective of
the fatigue tests was to quantify the alloy fatigue strength, which was defined as the stress

required to produce specimen failure in 107 cycles.

3.3.3 Large-Crack Fatigue Testing

Testing was performed to determine the growth-rate behavior of large fatigue
cracks using conventional compact-type, C(T), specimens illustrated in Fig. 3.3. In
conformity with the primary orientation of the high-cycle-fatigue specimens (and the
small-crack specimens to be discussed subsequently) the C(T) specimens were machined
in the T-L orientation [248]. That is, the axis of specimen loading was perpendicular to
the plate rolling direction, and the crack growth direction was parallel to the rolling
direction. The crack-mouth notches shown in the figure were used to attach a clip-gage

extensometer for use in determining crack-opening compliance.

All C(T) specimen fatigue crack propagation testing ~as conducted in accordance
with ASTM specification ER47-86a [{249] on an MTS servo-hydraulic testing machine
controll oy either and IBM PC or an IBM 3000 computer. The machine-control
software was developed under U. S. Air Force Contract by the University of Dayton
Research Institute, Dayton, Ohio and followed ASTM guidelines strictly. Crack length was
determined from crack-mouth-opening compliance using the analytical expression
developed for the C(T) specimen geometry {25C]:

a/W =Cy+ Cyu+Cu2 + Cqud + Cput + Cou® (3.1)
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Fig. 3.3 The large-crack, compact-type, C(T), specimen.
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where

u = 1/((BEV/P))0-5 4+ 1) (3.2)

a = crack length,

W = specimen width,

B = specimen thickness,

E = Young's modulus,

V = crack-opening displacement measured at the specimen edge, and

P = applied load corresponding to the instantaneous displacement V.

The constants of the polynomial are:

Cp = 1.0010 C, = -4.6695 C, = 18.460

C4 =-236.82 C4=12149 CS =-2143.6

Throughout the tests, the accuracy of the crack lengths determined from compliance were
periodically confirmed by visual measurements made with a light microscope. The
precision of the crack length measurements determined f.om compliance was better than
25 um, as estimated by the standard deviation of repeated measurements of the length of a

non-growing crack.

The procedure used in conducting the C(T)-specimen tests is outlined as follows. In
accordance with ASTM specification E647-86a [249], specimens were precracked at 30
Hz under R = 0.1 ¢ycling, and the load range was gradually reduced until a growth rate ot

approximately 108 m/cycle was achieved. During load shedding, a minimum crack

-~
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was achieved during a ten percent reduction in load range. The total length of the precrack
always exceeded 2.5 mm, as measured from the notch. After precracking, load control

followed the ASTM-recommended expression

AK = AK, [exp (C (a-a,))] (3.3)

where
a, = crack length after precracking,
a = instantaneous crack length,
AK, = stress intensity factor range corresponding to crack length a,,
AK = instantaneous stress intensity factor range, and

C = load-shedding exponent = (dK/da)/K = -0.08 mm~1,

This load-shedding procedure has been demonstrated in round-robin testing to produce
reliable crack growth rate data in the near-threshold regime [251]. Load shedding was
continued until a growth rate of 10710 m/cycle was achieved. Thereafter, load shedding
was terminated, and the fatigue crack was propagated to failure under constant load

amplitude.

Throughout a given test, the microcomputer sampled the crack length frequently,
and as many as 500 crack length values were obtained. Although this number of data
values may appear to be unnecessarily large, the frequent measurement of crack length
faciiitated the instantaneous control of test variables. Moreover, the large number of
crack length measurements provided a body of data that was analyzed statistically to
enhance interpretation. A modified incremental polynomial method was developed
(Appendix 1) to reduce the crack length measurements to the form of da/dN versus AK.

Essentially, the method enforces the objectives of ASTM standard guidelines [249], while
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utilizing all available crack length data to improve the statistical confidence in the crack

growth rate calculations. The crack growth data were reduced using the standard

expression to calculate AK [249]:

AK = (AP/(B WO-3) ((2 + a)/(1 - )15 F

where

F=0.886+4.64 0- 13.32 o + 14.72 03 - 5.6 o*
o=aW

a = instantaneous crack length,

W = specimen width.

AP = Prmax - Pmin = load range, and

B = specimen thickness.

This expression is valid for 0.2 < a/W < 1.0.

3.3.4 Small-Crack Fatigue Testing

The procedure for small-crack testing was specifically developed to allow small
cracks to initiate naturally. The use of an artificial crack starter was strictly avoided,

because as discussed previously, artificially initiated cracks may not be equivalent to

(3.4)

(3.5)

cracks that form naturally. For example, a small crack that is created by machining away

much of the length of & longer crack may possess a crack wake that differs significantly
from a naturally initiated crack of the same length. Furthermore, the machining may

produce undesirable surface residual stress effects that m-y significantly aftect carly

crack groewth, Therefore tha emrfcrgst s oo
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following paragraphs were carefully tailored to facilitate natural initiation of small

cracks on a stress-free specimen surface.

Testing to investigate the growth of small fatigue cracks was performed using the
specimen shown in Fig. 3.4. The specimens were machined such that the axis of loading
was transverse to the plate rolling direction, and the notch faces were perpendicular to
the rolling direction. This orientation was chosen because the plane of crack propagation
is equivalent to that of the C(T) specimens (i.e. paralle! to the rolling direction). The
simple geometry, which was developed and demonstrated in a supporting investigation by
Larsen [252], employed a mild notch to initiate surface cracks naturally in a localized
field. The elastic stress concentration factor (K;) due to the notches was originally
estimated using tabulations from a handbook [253], and a subsequent 2-dimensiona
elastic finite element stress analysis confirmed that K, = 1.037 [254]. Thus, the
through-thickness stress was essentially uniform, while the reduced gage section
effectively localized crack initiation within a small region that could be conveniently
examined optically. In order to eliminate surface residual stresses and roughness
produced during machining, the gage sections of all specimens were carefully
electropolished to remove at least 0.19 mm from the surface. The electropolishing
procedure was the same as that described earlier for preparing high-cycle-fatigue
specimens. The electropolishing also produced a highly reflective surface that enhanced
the detection and resoiution of small surface cracks while highlighting the material's

microstructure.

Testing was performed on an MTS servo-hydraulic fatigue machine using
self-aligning hydraulic friction grips to insure axial loading. The specimens were cycled
at a maximum stress level of o4, = 0.6 Oy and a frequency of 20 Hz under fully reversed

loading (R = -1.0) until a semielliptical surface crack was initiated naturally in the
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reduced section of the specimen. Following visual detection of the precrack, the specimen
was removed from the testing machine in order to place Vickers hardness indentations
above and below the crack mouth for use in making crack-opening displacement
measurements. Subsequently, the specimen was replaced in the testing machine, and
crack length and crack closure measurements were obtained periodically as the crack was

extended under constant load-amplitude fatigue at a selected stress level and stress ratio.

The propagation and closure behavior of the small cracks were monitored using two
complementary techniques. Crack length data were acquired directly with a
high-resolution computer-controlled photomicroscope [252], and a laser
interferometric technique [255) was employed to determine crack length independently
and to monitor the development of crack closure. Throughout a test, fatigue cycling was
periodically interrupted briefly by the computer, and both techniques were used to
acquire crack growth data. This procedure produced independent, and extremely

comprehensive, records of crack growth behavior.

The photographic technique used a metallurgical microscope mounted with a
motor-driven 35 mm camera having a 250-frame film magazine and powered by a
standard motor drive. Using an electronic flash as the microscope's lighting source,
high-resolution photographs were taken periodically while the crack was held briefly
under a tensile load equal to 75% of the maximum fatigue load. To provide a view of the
area immediately surrounding the crack, a low film-plane magnification of approximately
20X to 40X was used. The small-crack photographs were recorded on Kodak Panatomic-X
film, with virtually no loss of resolution of the magnified image [256]. Since the
resolution was more than adequate, this film was preferred over other less common
technical films, because it did not require specialized batch processing and could be

developed on commercial machinery. The camera and hydraulic fatigue testing machine
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were controlled by a Digital Equipment Corporation 1124 minicomputer to automate
testing and facilitate recording of various test parameters. Typically, 100 to 300
photographs were taken during a given test, allowing incremental crack advance to be

monitored.

At the conclusion of a test, the film was developed, and a standard photographic
enlarger was used to project the images of the small crack on a Tektronix 4956 digitizing
tablet for convenient determination of crack tip positions. An enlarger magnification of
approximately 15X was commonly used, which when combined with the original
magnification, produced a projected image magnification in the approximate range of 300X
to 600X. The exact image magnification was determined from a photograph of a precision
micrometer slide, which was taken for each test. For the material and test conditions
used, surface cracks of length (2c) as small as 40 um were recorded, and the precision of
the photographic crack length measurements was approximately 1 um, as estimated by the

standard deviation of repeated measurements of the length of a non-propagating crack.

During each test the microcomputer recorded pertinent data including the
photograph frame numbers and the corresponding values of fatigue cycle count. The
cycle-count data were merged with the digitized crack lengths (calculated as the length
projected onto a plane normal to the axis of ioading) to produce a computer file of surface
crack length (2c) versus cycles (N). The shapes of the surface cracks were determined
by a heat tinting procedure wherein the test was temporarily interrupted, and the
specimen was removed and heated for one hour in air at a temperature of approximately
315°C. This thermal exposure was sufficient to visibly oxidize the fracture surface of the
existing fatigue crack and did not affect the microstructure of the Ti-4Al or the
Ti-8Al(a). Specimens of these materials were returned to the machine for continued

fatigue testing. Since the thermal cycle was expected to cause a, precipitation in the
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Ti-8Al(s), specimens of this alloy condition were fractured under a single loading cycle
following heat tinting. Subsequently, the heat-tinted crack shape (as projected onto a
plane normal to the axis of loading) was measured with a light microscope. This
procedure was repeated for a number of specimens to obtain an approximate relationship
of crack shape as a function of crack size. This description of crack shape was used in
combination with the measurements of crack length, and the crack growth data were
reduced to the form of dc/dN versus AK using the modified incremental polynomial method
(Appendix 1) and the surface-crack stress intensity solution of Newman and Raju

[127,128]. For completeness, this solution is presented in the following paragraph.

The surface-crack geometry is schematically represented in Fig. 3.5. The stress
intensity factor solution was developed by Newman and Raju based on their
three-dimensional finite element analysis of a finite body under elastic loading. The
general expression for the Mode | stress intensity factor, Kj, for the semielliptical
surface crack is of the form

K) = o(ra/Q)0- F(ase, ant, oib, ¢) (3.6)

for0<a/c<2,cb<0.5,0<¢<n, provided that a/t satisfies

at<1.25(a/c+0.6)for0<a/c<0.2,ora/t<1for0.2<a/Cc<o.
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Fig. 3.5 The surface-crack geometry illustrating various dimensions and
parameters.
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The terms in Eq. 3.6 are defined as follows:
o = remotely applied stress,
a = crack depth,
¢ = half crack length,
- t = plate thickness,
b = half plate width,
. ¢ = parametric angle defined in Fig. 3.5,
Q=1+ 1.464(a/c)!65 for aic < 1, (3.7)
Q=1+ 1.464(c/a)!-% for a/c > 1, and (3.8)
Fs = My + My@t)? + Ma(aty¥igf,f,y. (3.9)
Foraic<1
M = 1.13 - 0.09(a/c), (3.10)
M, = -0.54 + 0.89/(0.2+(a/c)), (3.11)
M, = 0.5 - 1/(0.65+(a/c)) + 14(1-(a/c))24, (3.12)
g=1+][0.1+0.35@1)? (1 -sin(¢))?, and (3.13)
fo = l(a/c)2 cos2(¢) + sin?(9)10-25. (3.14)
Fora/c> 1
M, = (¢/a)%3 (1 + 0.04(c/a)), (3.15)
. M, = 0.2(c/a)*, (3.16)
M; = - 0.11/(c/a)%, (3.17)
g =1+[0.1+0.35(c/a)(a)?] (1 - sin(e))2 , and (3.18)
fo = lic/2)? sin2(¢) + cos?(9)]025. (3.19)
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Finally, the finite-width correction factor, f,,,, is given by:

f = Isec((@1?-3 (nc)/(20))10-. (3.20)

The determination of mouth-opening compliance and closure of small fatigue cracks
was accomplished using a laser interferometric displacement gage (IDG) concept
originally developed by Sharpe [e.g., 257-260] and implemented in the AFWAL Materials
Laboratory primarily by J. R. Jira and T. Weerasooriya. In a supporting investigation,
the method was applied and fully demonstrated by Larsen, Jira, and Weerasooriya [255]
in a study of small fatigue cracks in the alloy Ti-6Al-2Sn-4Zr-6Mo. Additionally,
application of the laser method in research under the present project has previously been

reported by Larsen, et al [225,226,261].

in concept, the method utilizes the coherent light of a He-Ne laser to make very
precise measurements of mouth-opening displacement across a small surface crack.
Figure 3.6 illustrates the basic principle schematically. A beam of laser light illuminates
a pair of Vickers hardness indentations placed approximately 80 um apart, spanning the
crack mouth. Each indentation has the shape of a regular four-sided pyramid, and the four
pairs of parallel faces of the indentations reflect the laser light to four positions in space.
Of the four reflections, the two shown in the figure are used for crack-mouth-opening
displacement measurement. Due to the coherent nature of the light, each pair of
reflections interferes optically to produce observable fringe patterns as illustrated. The
relationship between the fringe pattern and the gage length, d, separating the indentations
is given by the equation

ni = d sin(o,) (3.21)

where n is the order of the interference fringe, A is the wavelength of the laser light
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(0.6328 um), and o, (~ 44°) is the reflection angle shown in the figure. Solving ford

and differentiating gives

dd = dn Asin(a,y) = 0.9 um (3.22)

for this geometry and dn = 1. Thus, movement of a single fringe past a fixed point in space

corresponds to displacements between the indentations of approximately 0.9 um.

Greater displacement resolution was attained using the computer-controlled system
shown schematically in Fig. 3.7 to monitor fractional fringe position. Basically, the
system uses a pair of servo-controlled rotating mirrors to sweep the reflection of each
fringe pattern across a photo detector covered by a narrow slit. Since the slit transmits a
narrow band of light, the intensity level registered by the photo detector varies
periodically as the alternating light and dark interference fringes are swept across the
slit. By ccordinating the intensity level with angular position of the rotating mirror, it is
possible to determine the position of the fringe pattern at a given time and associated
applied load. Using this approach, the laser interferometric system can locate the
interference fringe position to within approximately 0.01 of the fringe wavelength, and
this corresponds to a measurement precision for displacement between the indentations of
5d = 0.009 um (90 A). By repeating the described data acquisition procedure throughout
a full cycle of loading, a high-precision record of crack-mouth-opening displacement

versus applied load is produced.

A photograph of the laser system is presented in Fig. 3.8. The microscope used in
the photomicroscopic system is also shown. As pictured, the physical position of the
interferometric system required that the microscope be located to the side of the test

setup, and a small mirror mounted on the objective lens was used to reflect the
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Fig. 3.8 Photograph of the small crack test apparatus showing both the
laser interferometric displacement system and the microscope
used by the photographic system.
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small-crack image into the microscope.

A typical load-displacement trace obtained with the interferometric system is
presented in Fig. 3.9 for a small crack in the Ti-8Al(s) alloy fatigued at a frequency cf 20

Fz under R = -1.0 loading with 6,5, = 0.6 6. The approximately 300 data points shown

y
were acquired during a 40-second fatigue cycle. For this case, the total
crack-mouth-opening displacement measured at maximum ioad was approximately 3 um.
The effective size of the small crack was calculated iteratively from the elastic comgliance
determined from the slope of the linear region of the unloading load-displacement data

using the following analytical expression based on the work of Mattheck, et al [262]:

2u/s = (2a/E) {2.954 - 1.960 (a/c) + 0.452 (a/c)?
+ ()2 [0.92/(a/c) 12 - 0.405/(a/c)02
+ (a/)4 [0.091/(a/c)24)) (3.23)

where

2u = total crack-mouth-opening displacement,
o = applied stress,

E = Young's modulus,

a = crack depth,

¢ = half crack length, and

t = plate thickness.

The accuracy and utility of this expression for small fatigue cracks was previously
demonstrated by Larsen, Jira, and Weerasooriya [255], who found excellent

correspondence between crack lengths calculated from compliance measurements and
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optically-measured crack lengths.

3.3.5 Determination of Crack Closure

There are numerous approaches for determining the magnitude of crack closure
from load-displacement data [139,178]. Currently the American Society for Testing and
Materials is conducting a round-robin evaluation of experimental and analytical methods
for assessing crack closure [179]. At present there is no consensus regarding a
procedure for determination of the point of closure; however, extensive experience by the
author and his colleagues on a number of materials and specimen geometries indicates that

the following method provides reliable results.

For the smalf-crack data, the crack closure load (P) was determined from the
break in the load-displacement curve illustrated in Fig 3.9. The differential
load-displacement data that are also shown were obtained by fitting a line to the upper,
linear portion of the load-displacement data and subtracting the resulting linear-elastic
component of crack opening from the actual measured displacement. This was

accomplished using an expression of the form:

SCMOD = CMOD - (8, + B;(P)) (3.24)

where

SCMOD = differential crack-mouth-opening displacement,

CMOD = crack-mouth-opening displacement,

P = applied load, and

B, and B, = regression parameters of the linear load-displacement data

acquired during the unloading portion of the cycle.
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shown.
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Although the differential load-displacement data provided a convenient visual aid for
estimating the point of closure, the actual determination of closure load (P} in the
small-crack tests was performed automatically using a simple computer algorithm, which
is outlined as follows. The variability of the load-displacement data was quantified by a
calculation of the standard error of the regression (SER) of the linear region of the

unloading, load-displacement data:

SER = (%; [CMOD; - (B, + B, (P1%(n -2))03 (3.25)

where

i = data-point counter and

n = total number of data points regressed.

The standard error of the regression is essentially the standard deviation of the

differences between the individual raw data points and the regressed line. The algorithm
to determine P located the crack closure load at the point where the difference between a
9-point sliding average of the measured displacement and the fitted straight line exceeded

two times the standard error of the regression. Thus closure was indicated if

(Zi = 4104 | CMOD; - (B, + B1(P))])) / 9 > 2(SER) (3.26)
where

CMOD,, = midpoint of the summation,

i = data-point counter relative to local summation midpoint, and

the other variables are as defined earlier.
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The value of 2 times SER was selected based on extensive studies on a number of materials.
It was found that closure loads that were determined using this value were not

significantly influenced by random variability in the load-displacement data.

Furthermore, based on inspection of the plotted data, the use of 2 times SER in the

algorithm produced a visually satisfying assessment of closure.

3.4 Fractography

3.4.1 Scanning Electron Microscopy

Fractographic examination was performed using an ETEC Corporation Autoscan,
scanning electron microscope. Fractographic specimens were prepared for examination
by a four-step procedure in which failed samples were cleaned sequentially in
ultrasonically-agitated solutions of acetone, methanol, ethanol, and freon. The intent of
the SEM fractography was to characterize the fracture surfaces of the three materials and

identify any crack-size dependent changes in the mechanism of crack propagation.

3.4.2 Quantitative Fractography

As a complement to the SEM characterization of the fracture surfaces, the crack
profiles of the large- and small-crack specimens were documented by light microscopy,
and quantitative analysis of fracture-surface topography was performed. The primary
objective of this activity was to obtain direct measurements of fracture-surface
attributes that could be related to the slip character of each of the Ti-Al alloys as well as

to the measured levels of crack closure in both the large- and small-crack specimens.
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Light micrographs were taken perpendicular to the free surface of the failed
compact-type, C(T), specimens to document the crack profile in the large-crack
specimens. In conformance with the SEM fractography, photographs were acquired from
areas of the specimen corresponding to growth rates in the near-threshold (da/dN =
10710 m/cycle ) and lower Paris-law (da/dN = 1078 m/cycle) regions. The micrographs
were taken at a magnification of 200X, and a computer digitizing tablet was used to
generate the coordinates of a series of approximately equally spaced points (spacing = 7
um) along the fracture-surface profile. The resolution of the individual points was
approximately 1 um. The crack-profile data were analyzed to obtain a number of
descriptive topographical and statistical parameters that quantify the fracture surface

roughness.

The 35 mm photographic record acquired during the small-crack tests was used in
the quantitative fractographic analysis of the small cracks. The negative photographic
images of the small cracks were projected directly onto a computer digitizing tablet to
obtain a series of points describing the crack profile. The spacing and resolution of the

data points were equivalent to those acquired from the C(T) specimens.
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CHAPTER 4
RESULTS

4.1 Microstructural Characterization

The titanium-aluminum alloys that were investigated were characterized
microstructurally by light metallography and transmission electron microscopy, and
crystallographic texture was quantified by construction of a series of X-ray diffraction

pole figures. Each of these efforts is discussed below.

4.1.1 Light Metallography

The microstructures of Ti-4Al and Ti-8Al(s) are pictured in Figs. 4.1 through 4.3.
Although both materials generally had a fully recrystallized, equiaxed, a-phase
microstructure, some isolated unrecrystallized grains were observed in the Ti-4Al as
shown in Fig. 4.2. These unrecrystallized grains were aligned parallel to the rolling
direction of the original plate material and appeared only in the midthickness of the plate
where rolling deformation is a minimum. Measurements of the equiaxed grain size

revealed a slightly larger grain diameter in the Ti-8Al, as indicated in Table 4.1




Fig. 4.2
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Fig. 4.1 Equiaxed, recrystallized microstructure of Ti-4Al

Example of isolated unrecrystallized grains occasionally observed
near the midthickness of the rolled Ti-4Al plate. The
unrecrystallized grains are elongated along the rolling direction.




Fig. 4.3
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Equiaxed, recrysta!.zed microstructure of Ti-8Al.
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Table 4.1: Ti-Al Alloy Grain-Size Measurements

T gt

(rm) (um)
Ti-4Al 60 101
Ti-8Al 82 138

= mean linear intercept distance between grain boundaries on an arbitrary
__ metallographic section determined using the three-circle method [242].
t d=mean corrected grain diameter [243).

»

4.1.2 Transmission Electron Microscopy

The size and morphology of the o, precipitates in the Ti-8Al alloy were
characterized by transmission electron microscopy. As expected, no precipitates were
observed in the solution-treated and quenched material, while the aged Ti-8Al contained a
uniform distribution of spherical precipitates. Micrographs showing the precipitates
imaged under both bright- and dark-field conditions are presented in Fig. 4.4. The

precipitates were of diameters ranging approximately from 5 to 10 nm.

4.1.3 Characterization of Rolling Texture

The degree of crystallographic texture produced during hot rolling was documented

by construction of X-ray diffraction pole figures of both the Ti-4Al and the Ti-8Al(s).

Basal (0002), prism (1010), and pyramidal (101 1) pole figures for both of the alloys

are presented in Figs. 4.5-4.10. The Ti-4Al (0002) pole figure presented in Fig. 4.5
shows a moderately developed basal texture, wherein the polycrystalline structure was
prefercntially reoriented such that a predominance of grains had their basal planes
aligned approximately parallel to the rolling plane. Within the rolling plane, however,
there was a negligible secondary texture, as indicated by the approximately random

intensity distribution shown in the prism and pyramidal pole figures (Figs. 4.6 and 4.7).
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Bright- and dark-field TEM micrographs of precipitate structure

in the aged Ti-BAl alloy.

Fig. 4.4
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Fig. 4.5 Ti-4Al basal (0002) pole figure.
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Fig. 4.6  Ti-4Al prism (1010) pole figure.
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Fig. 4.7  Ti-4Al pyramidal (1071) pole figure.
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Fig. 4.8 Ti-8Al basal (0002) pole figure.
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Fig. 4.9  Ti-8Al prism (1070 ) pole figure.
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Fig. 4.10 Ti-8Al pyramidal (1011 ) pole figure.
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The Ti-8Al(s) pole figures, presented in Figs. 4.8-4.10, were qualitatively
similar to those for the Ti-4Al, but the basal texture was more well defined. Thus, the
material would be expected to exhibit in-plane isotropy, while mechanical properties in
the short-transverse direction should differ from the equivalent in-plane measurements.
As will be discussed later, this expectation was confirmed by results of mechanical
property tests. Pole figures of the Ti-8Al(a) were not constructed since
low-temperature aging of this material should have no effect on the existing texture of the

o-phase matrix.

4.2 Characterization of Mechanical Properties

4.2.1 Tensile Testing

Table 4.2 presents the resuilts of standard tensile tests that were performed on each
of the three alloy conditions. The effect of solid-solution strengthening is evident in
yield-strength difference between Ti-4Al and Ti-8Al(s), and strengthening produced by
a, precipitation in the aged Ti-8Al alloy is also clearly observed in the measurements of
yield strength. The aging had a negligible influence on the ultimate tensile strength of the
Ti-8Al. Variation in the level of solid-solution strengthening had little effect on tensile
ductility and elongation, but the formation of precipitates in the Ti-8Al led to a significant
reduction in the same measures of ductility. Moreover, as represented by the ratio of
cu/cy, the mild work hardening observed in the solution-treated materials was
essentially nonexistent in the aged Ti-8Al. These findings were in good correspondence

with similar measurements reported in the literature.




’
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Table 4.2: Tensile Properties of Ti-Al Alloys

gy gy gylay E Eong.  R.A.  Tests
(MPa) (MPa) (GPa) (%) (%)
Ti-4Al 548 625 1.14 105 16.8 26.4 2
1.t (158) (3.9) (0.5) (2.8)
) Ti-8Al(s) 673 759 1.13 109 16.2 27.0 2
(2.5) (4.5) (3.9) (1.0) (4.3)
\
’ Ti-8Al(a) 753 769 1.02 100 7.3 14.0 3
- (15.6) (14.8) (9.0) (0.6) (4.3)

oy = 0.2% offset tensile yield strength.
oy = ultimate tensile strength.

E = Young's modulus.

Elong. = % elongation in a standard 25.4 mm gage length.
R. A. = % reduction of specimen cross-sectional area.

(t = Standard deviation of measurements)

The tensile properties reported in the table represent averages of tests of tensile
specimens oriented both parallel and perpendicular to the rolling direction of the plate.
The data from the two orientations were combined, since within the limits of experimental
error, there was no discernib